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Understanding the interplay among microstructure, stress and temperature in controlling microstructural sta-
bility remains challenging. Here, we use in situ transmission electron microscopy (TEM) annealing and micro-
electromechanical-system (MEMS)-based tensile testing to track grain-scale evolution in 100 nm-thick nano-

Eisnn;lltn}; crystalline Ni films with three different initial textures. Thermal annealing at 700 °C causes conventional grain
STEM growth driven by surface and grain boundary energy minimization, producing annealing twins and a strong

(111) out-of-plane texture. In contrast, stress-induced texture evolution is strongly influenced by the initial
microstructure. Grain-resolved statistics from 4D-STEM orientation mapping of over 100,000 grains reveal that
stress alters grain growth through two distinct mechanisms. At ambient temperatures, differential yielding drives
the growth of larger grains, resulting in size-biased coarsening. At 100 °C, stress helps grain boundaries overcome
kinetic barriers, allowing low-surface-energy orientations to grow in a manner similar to thermally driven
coarsening. Consequently, the final texture reflects the dominant grain growth mechanism, determined by the
relative magnitudes of applied stress and temperature.

1. Introduction

Nanocrystalline (nc) metals exhibit superior strength relative to their
coarse-grained counterparts due to the high density of grain boundaries
(GBs) that impede dislocation motion. However, these same GBs also
make nc metals prone to microstructural instability under thermal or
mechanical loading. This instability typically manifests as grain coars-
ening, which in turn degrades mechanical performance by reducing
strength [1,2].

In thin films, where free surfaces play a dominant role, grain growth
at elevated temperatures is primarily driven by the reduction of both
grain-boundary and surface energies [2-7]. Recent studies have also
demonstrated that mechanical stresses can promote grain growth in nc
metals, either in combination with elevated temperatures or even under
ambient conditions [8-13]. In situ transmission electron microscopy
(TEM) straining experiments on nc Ni thin films showed little grain
growth under stress alone at room temperature, but when a modest
tensile stress (~20% of yield strength) was applied concurrently with
slight heating (~0.2 melting temperature Ty,), rapid and discontinuous
grain growth occurred [14]. Similarly, cyclic fatigue loading has been
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found to induce abnormal coarsening in nc and ultrafine-grained (ufg)
Ni and Ni alloys, with large grains forming well before final failure [1-3,
15]. Such observations confirm that an applied stress (either monotonic
or cyclic) markedly enhances GB migration even at low temperatures,
beyond what traditional curvature-driven grain growth models would
predict.

The mechanistic origin of stress-assisted grain growth under plastic
deformation, however, remains a subject of debate. On one hand, stress-
assisted GB migration can be explained by the disconnection framework,
in which the GB velocity is written as v = M(Tx +zf(8,1) + y) [16,17].
Here, M is the GB mobility, I is the capillarity term, 7f(5, ) is the stress
contribution arising from the character of GB disconnections and their
shear-coupled motion, and w represents energy jumps across the
boundary. Several studies have examined whether mechanical stress
contributes directly to the thermodynamic driving force for
grain-boundary migration in thin films. For instance, grain growth
under cyclic loading at relatively low strain amplitudes (~0.18-0.3%)
was observed to occur preferentially in grains with (100) axes aligned
with the loading direction, consistent with elastic anisotropy [3]. A
recent study quantitatively evaluated the competing driving forces
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governing texture transformation in Ag thin films by varying the applied
stress during annealing and found that the resulting change in strain
energy did not measurably affect the transformation kinetics [18].
Atomistic simulations indicate that mechanical work can act as a pre-
dominant driver for GB motion, even when other drivers (such as cur-
vature) are absent [19]. Grain growth in nc Ni has been interpreted as a
stress-relief mechanism without the need for significant dislocation ac-
tivities [14]. Collectively, these results support the notion that stress can
act as a direct thermodynamic driver for grain growth.

At the same time, stress can influence the mobility M(o, T). Stress can
enhance GB mobility by lowering the activation barrier for shear-
coupled disconnection glide or atomic shuffling at the boundary. The
applied stress has been shown to activate shear-coupled GB migration
and related mechanisms that increase boundary mobility [19,20]. The
disconnection-based theory of GBs (i.e., treating GB disconnections as
line defects with both step height and Burgers vector) predicts that even
high-angle boundaries can support coupled motion, as confirmed by
Cahn et al. and others [21]. In situ TEM deformation studies on UFG Al
have further demonstrated GB migration velocities several orders of
magnitude higher than those observed in purely thermal growth [22].
This observed behavior has been attributed to the combined effects of
elevated grain-boundary mobility and grain rotation [22,23].

Given the diversity of driving forces, developing a mechanistic un-
derstanding of how microstructures evolve as a function of their initial
state and applied thermal or mechanical conditions remains chal-
lenging. As the boundary network facets, coalesces, or twins, both the
effective mobility and the driving force evolve irreversibly [24], causing
the ensuing coarsening behavior to depend strongly on the sequence of
microstructural events.

In this study, we aim to decouple the thermal and stress contributions
to grain growth in freestanding nc Ni by independently varying tem-
perature and stress using in situ TEM coupled with 4D-STEM orientation
mapping. The 4D-STEM technique enables quantitative tracking of
microstructural evolution through both statistical analysis of over
100,000 grains and grain-resolved correlation. We demonstrate that
global descriptors, such as mean grain size and bulk texture, are insuf-
ficient to capture growth selectivity. Instead, we find that (i) surface and
GB-energy anisotropies govern thermally driven grain growth, (ii) at
room temperature, applied stresses promote coarsening through grain-
size-dependent yielding, and (iii) at a mild temperature, stress further
enhances GB mobility by lowering the kinetic barrier for migration.

2. Methods

NC Ni thin films with a thickness of 100 nm were deposited using
three different methods: (i) electron-beam evaporation (Denton Ex-
plorer) at a pressure of ~ 107% Torr and deposition rate of 1.5 A/ s, (ii) DC
magnetron sputtering (Kurt J Lesker PVD 200) at a rate of 2 A/s at room
temperature, and (iii) DC magnetron sputtering at a rate of 2 A/s at 100
°C substrate temperature. The resulting film thicknesses were measured
using a Dektak 150 Profilometer. Films were deposited onto patterned Si
wafers defined by electron beam lithography using the photoresist SU-8
1813. Following development, metal deposition was performed, and a
standard liftoff procedure was conducted by immersing the sample in
acetone under sonication for 30 s, producing dog-bone-shaped speci-
mens, followed by XeF; dry etch to make freestanding films. More de-
tails on the fabrication process can be found in our previous studies
[25-27], including the final release procedures. For clarity, the
e-beam-evaporated film is here designated Type A, while the magnet-
ron-sputtered films with room temperature and 100 °C substrate tem-
peratures are designated Type B and C, respectively. To create a sample
with a bimodal grain-size distribution, one Type A sample was also
annealed in vacuum (10~ Pa) at 180 °C for 30 min.

Experiments were conducted using a 300 kV FEI Tecnai F30 TEM
operated in bright-field mode; 4D-STEM measurements were performed
in scanning transmission electron microscopy (STEM) mode with a
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convergence angle of 0.7 mrad. In situ thermal annealing experiments
were carried out using DENSsolutions Wildfire P.U.H.ST.1 Heating v2
chips. For these tests, the specimen temperature was ramped to 700 °C;
although the microstructure is already stable by ~300 °C, a higher
annealing temperature was used to ensure that a fully stabilized state
was reached before characterization. In situ straining experiments were
carried out using a micro-electromechanical-system (MEMS) device [11,
12,26-30]. TEM bright field imaging was carried out using a OneView
CMOS camera, while 4D-STEM data were collected using a Gatan Metro
300 pixelated detector. The step size for 4D-STEM scans was selected as
one-tenth of the observed d to ensure sufficient resolution in orienta-
tion mapping. To obtain statistically robust datasets for mechanical
loading, multiple 4D-STEM scans were acquired per sample until at least
10,000 grains that had undergone coarsening were captured in a single
experiment on the same specimen.

Mechanical loading was applied by straining the film to 4% strain (¢),
after which the actuator motion was stopped to maintain a constant
displacement and allow stress relaxation under tension. Due to machine
compliance, the nominal strain in the film continued to increase even
under constant actuator displacement. Thus, the actual loading path
represented an intermediate condition between pure stress relaxation
and pure creep under constant stress. This loading mode caused
continued microstructural evolution, leading to a final strain exceeding
4%. Representative stress-strain curves for this loading procedure at
room temperature are shown in Supplementary Fig. S1. Once the
microstructure stabilized (after ~40 min), 4D-STEM data were
collected. We decompose the total strain, ¢, into elastic strain (&) and
plastic strain (ep), defined as e. ~ 6/E and &), = € — €.

A subset of the MEMS devices with a specimen pad heater (relying on
Joule heating of beams adjacent to the specimen pad) were used to
perform mechanical loading at ~100 °C (see Supplementary Fig. S2).
The experiments were conducted by first applying voltage to the MEMS
heating pads to reach the target temperature, followed by tensile loading
of the specimen (as done in the experiments at room temperature). The
specimen temperature was approximated by assuming that the MEMS
temperature scales with applied power (a reasonable assumption for
Joule heating) and knowing the temperature-dependent microstructural
response of the Ni specimen with the Wildfire heating chips. Specif-
ically, the nc Ni film exhibited clear thermal instability when the tem-
perature reached ~180 °C (using the wildfire heating chips). Similarly,
grain growth was observed for an input voltage across the specimen pad
of the MEMS device exceeding 4.3 V, indicating that this power level
corresponds to a specimen temperature of ~180 °C. Similarly, under
comparable vacuum conditions, Au exhibits thermal instability at ~150
°C during ex situ furnace annealing, and the same instability is triggered
on the MEMS heater at applied voltages exceeding 3.6 V. Together with
the Ni calibration point (~180 °C at 4.3 V), this yields an estimated
specimen temperature of ~100-110 °C at 3.0 V, well below the thermal
instability threshold for Ni. For simplicity, this condition is reported as
~100 °C (0.22 Tp,), while noting that the absolute temperature remains
approximate.

The 4D-STEM datasets were indexed using a template-matching al-
gorithm implemented in Gatan DigitalMicrograph™ [31]. Prior to
indexing, samples were processed using neighbor pattern averaging and
re-indexing (NPAR) [32,33]. Orientation maps were visualized and
analyzed using OIM Analysis™ (EDAX). Non-indexed points as well as
regions with fewer than three contiguous pixels sharing the same
orientation were excluded to ensure that only reliably indexed grains
were included in the dataset.

3. Results
3.1. Initial microstructure

The as-deposited nc Ni thin films exhibit distinct initial
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microstructures depending on the deposition method. Bright-field TEM
images (Fig. 1a—c) confirm that all three as-deposited films are nc, with
most grain sizes below 20 nm. The texture strength is quantified in
multiples of random distribution (MRD) [34]. An MRD value of 1 in-
dicates a completely random orientation, while values greater than 1
reflect preferred crystallographic alignment. Inverse pole figure (IPF)
maps and data constructed from the 4D-STEM data indicate that these
deposition routes yield different weak out-of-plane textures: (110) for
Type A, mixed (112)/(111) for Type B, and (100) for Type C, with
maximum texture intensities of approximately 2.7, 2.8, and 2.9 MRD,
respectively (Fig. 1d-i). The in-plane orientations are essentially
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random, exhibiting maxima of 1.8 MRD. The elevated deposition tem-
perature used for Type C produced a slightly broader grain size varia-
tion; therefore, additional scans were performed to ensure accurate
quantification of its initial microstructure (Supplementary Fig. S3).
Grain size distributions (Fig. 1j) show log-normal distributions for all
films with an average grain size (d ) of ~10 nm. Most of the recorded
nanobeam diffraction patterns were single-grain and indexed with high
confidence, confirming that the grains are primarily columnar and
extend through the film thickness.

Because tracking the statistical evolution of individual grains is
challenging, the four dominant low-index out-of-plane orientation

Fig. 1. (a—c) Bright-field TEM images (100 nm scale bar) of the as-deposited (a) Type A, (b) Type B, and (c) Type C, respectively. Representative (d) Type A, (e) Type
B, and (f) Type C out-of-plane orientation maps derived from 4D-STEM data of characteristic regions. (g-i) Texture intensities shown in IPF triangles. (j)

Area-weighted grain-size histograms for the three films centered near 10 nm.



Y. Yang et al.

families, (111), (100), (110}, and (112), were used to statistically cap-
ture trends linking the initial grain structure with the stress/
temperature-induced microstructure evolution. Although the overall
grain-size distributions of the three films appear similar (Fig. 1j), the
orientation-sensitive statistics reveal clear and systematic differences
among the individual texture components (Table 1). In Table 1, grains
were grouped within an angular tolerance of 10° from each fiber axis.
The corresponding mean grain size (d ) and the MRD were computed for
each family. Note that this grouping reflects only the statistical distri-
bution of orientations and does not imply any intrinsic orientation-
dependent properties of the material. As shown later, this classifica-
tion simply provides a framework for quantitatively comparing how
texture influences subsequent grain-growth behavior. According to
Table 1, the Type A film exhibits similar d values across all texture
components. In Type B, the (111) and (100) components are relatively
large, whereas the (110) component is smaller. Type C exhibits a pro-
nounced (100) component, with d_ approximately 25% larger than the
other orientation families.

3.2. Microstructure evolution due to thermal annealing

Over the 30-min anneal at 700 °C, all three films developed pro-
nounced fiber textures (an example of annealing-induced grain growth
is shown in the in situ sequence in Supplementary Video S1). The post-
annealing IPF maps are presented in Fig. 2al—c1, with the corresponding
texture intensity shown in Fig. 2a2-c2. The Type A film evolves into a
mixed fiber texture dominated by (111) and (100) out-of-plane orien-
tations, with a maximum intensity of ~2.5 MRD. Type B and Type C
films evolve into stronger fiber textures composed almost entirely of
(111) and (100) oriented grains. The grain-size distributions of the
annealed films (Fig. 2d) show broadening from sub-100 nm to ~800 nm.

Table 2 summarizes the orientation-specific d and MRD values for
the annealed films. The results consistently indicate that the dominant
(111) and (100) components observed in the IPF maps correspond to the
largest d values in their respective films.

3.3. Microstructure evolution due to mechanical loading at room
temperature

3.3.1. Statistical analysis of stress-induced grain growth at room
temperature

Mechanical loading was performed on all three texture variants (an
example of stress-assisted grain growth is shown in the in situ sequence
in Supplementary Video S2). To ensure statistical significance, 7-11
orientation maps were acquired for each specimen to capture a total
population of at least 20,000 grains per film. A Type A specimen was
loaded elastically to a high stress of ~1 GPa, corresponding to &, ~0.5%
(the yield stress is ~1.4 GPa) and held for ~30 min, matching the hold
duration used in other experiments. No detectable grain growth was
observed under this condition, and plastic strain accumulation was
negligible, confirming elastic loading. This result indicates that elastic
straining alone is insufficient to activate coarsening. Instead, the grain
growth observed is associated plastic deformation. The corresponding
elastic and total strain values for all mechanically loaded conditions
(room temperature and 100 °C, Types A-C) are summarized in

Table 1
Orientation-resolved average grain size in the as-deposited Ni films (d~ + SD,
nm) with their respective MRD values.

Orientation Type A Type B Type C

(110) 9.4+ 4.7 (2.7) 84 +54(1.1) 10.0 £5.9 (1.0)
(111) 9.8 +£6.1(1.0) 11.0 £5.2(2.6) 10.1 £ 4.7 (1.1)
(112) 8.6 + 4.0 (1.5) 9.9 +5.4(2.8) 10.3 £5.6 (1.4)
(100) 9.6 £5.2 (1.8) 10.2 £ 6.0 (1.8) 13.7 £8.7 (3.1)
Total 9.7 £ 4.6 10.1 £5.5 11.4 £ 4.6
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Supplementary Table S3.

After straining, the orientation maps (Fig. 3al—cl; full datasets in
Supplementary Figs. S4-S6) and the corresponding IPF triangles
(Fig. 3a2-c2) reveal distinct dominant orientations among the three
films. Type A exhibits a weak (110) preference with a maximum in-
tensity of ~2.8 MRD. Type B shows a pronounced (111) component
reaching ~3.9 MRD, and Type C displays a dominant (100) orientation
with a maximum of ~3.3 MRD. As shown in Fig. 3d, Type A exhibits the
narrowest grain size distribution, with most grains in the 10-20 nm
range, but also a rapidly decaying coarse tail extending beyond 100 nm,
indicating a minor population of abnormally large grains (ALGs). Type B
shows a higher d , with the majority of grains ranging from 15 to 35 nm
and a small population of ALGs. Type C has slightly broader distribution
than Type A, with grain sizes concentrated between 15 and 25 nm.
However, no ALGs larger than 100 nm were observed in Type C, as
shown in the inset of Fig. 3d. Note that a direct comparison of the grain
growth process among the three films is not possible, as the stress and
strain relaxation required to reach a stable post-loading microstructure
differ between specimens.

The orientation-resolved grain-size statistics in Table 3 are broadly
consistent with the texture features described above. It should be noted
that the presence of ALGs strongly affects the standard deviation. For
example, in Type A, the d values are comparable across orientations
except for (100), since the higher value and large standard deviation
arise from a single rare ALG (see Supplementary Fig. S4). Type B exhibits
markedly coarser (111) grains, consistent with its dominant (111) fiber
and broader grain-size distribution. Type C, characterized by a strong
(100) texture, likewise exhibits the largest average grain size in the
(100)-oriented population among the measured orientations. The
coexistence of a retained fine-grain and a coarse-grain tail after me-
chanical loading is likely influenced by local texture and GB
neighborhoods.

3.3.2. Interrupted analysis

To capture the evolution of individual grains under loading, ~300
nm x 300 nm regions in Type A and B films were tracked using inter-
rupted 4D-STEM orientation mapping. This approach eliminates
specimen-to-specimen variability and enables the same grains to be
tracked through successive load-hold cycles. A type A specimen was
loaded to ~1.6 GPa. During the hold period, the applied stress relaxed
while the strain increased to ~12% (g ~ 0.5% and ¢, ~ 11.5%) due to
the system compliance. The orientation maps at ¢ = 12% reveal a clear
increase in grain size, accompanied by multiple instances of grain
rotation (examples highlighted in Fig. 4a-b). The rotation angle was
quantified as the symmetry-reduced disorientation between the orien-
tations of manually matched grains in consecutive scans; the >20°
threshold was chosen to identify rotations well above indexing/match-
ing uncertainty. Among 50 grains that could be confidently matched
across scans, 22 grains (44%) exhibited rotations exceeding 20°. These
rotations complicate direct grain-to-grain correlation between micro-
structures at different states. As shown in Fig. 4e, the d increased from
9.4 £ 4.6 nm in the undeformed state to 13.9 = 9.0 nm after loading.
Despite this coarsening, the overall out-of-plane texture remained
essentially unchanged. The maximum MRD in the IPF triangle is nearly
identical before and after straining (Fig. 4c-d), and the area fractions of
the dominant out-of-plane orientations (Fig. 4f) exhibit only minor
changes. The smaller d measured in these tracked regions compared to
the statistical dataset reflects the absence of ALGs within the selected
local fields of view.

Fig. 5 presents interrupted 4D-STEM orientation mapping of a Type B
film, tracking a ~300 nm x 300 nm region before and after loading.
Three maps were acquired at sequential hold stages (Fig. 5a-c): (i) the
undeformed state (¢ = 0%), (ii) after loading to £ ~ 4% and holding for
~30 min, during which the applied stress relaxed and the strain
increased to ¢ ~ 8%, and (iii) after a second load-hold cycle, where the
strain was reloaded to ¢ ~ 12% and subsequently relaxed to ¢ ~ 16%.
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Fig. 2. Microstructure analysis of the thin films after annealing at 700 °C for 30 min: (al-c1) Out-of-plane orientation maps obtained by 4D-STEM for (al) Type A,
(b1) Type B and (c1) Type C, respectively. (a2-c2) IPF triangles corresponding to the orientation maps directly above them with maximum MRD labeled. (d) Grain

size distributions for all three materials after annealing.

Table 2
Orientation-resolved average grain size in the annealed Ni films (d =+ SD, nm)
with their respective MRD values after annealing.

Orientation Type A Type B Type C

(110) 139.5+74.2(0.7) 1227 £61.3(0.7) 135.5 +71.2(0.7)
(111) 170.3 £ 80.7 (2.5)  250.0 £128.2(7.6)  212.8 £ 108.6 (2.3)
(112) 128.9 + 64.0 (1.3) 147.2 + 82.2 (1.8) 172.6 +89.3 (1.4)
(100) 181.7 £98.8(2.4) 1949 +£106.4 (2.4)  377.4 + 258.4 (4.7)
Total 145.8 £ 75.4 198.7 +£118.1 225.6 + 70.9

Accounting for the small recoverable elastic strain at the holds, these
states correspond to plastic strains of e, ~ 7.6% (Fig. 5b) and e, ~ 15.7%
(Fig. 5¢). The final strained microstructure (Fig. 5¢) shows a slightly
evolved texture compared to the initial state (Fig. 5a).

Analysis of the dominant orientations (Fig. 5d) reveals that while the
MRD value of (111) and (100) components increase steadily
(1.8-2.9-3.3 and 1.6—1.6—1.8, respectively), the (112) remains
nearly constant (1.8), and the (110) fraction decreases from
1.2-0.8—0.5. The d increased monotonically from 10.0 + 4.7 nm to
13.8 £ 7.2 nm, and ultimately to 18.2 + 10.1 nm, with the corre-
sponding distributions shown in Fig. Se.

Fig. 5f quantifies preferential size selection under mechanical

loading (up to ¢ ~ 8%) by manually tracking and registering ~300
grains between interrupted scans (170 growing and 130 shrinking/dis-
appearing). Each tracked grain was classified by its net area change (AA)
between scans as “grow” (AA > 0) or “shrink” (AA < 0). Because grains
smaller than ~5 nm could not be consistently identified between maps,
the cumulative area-fraction distributions in Fig. 5f are constructed from
the tracked population, which is predominantly composed of grains > 5
nm. To avoid biasing the baseline size distribution by only considering
grains that change, the “initial” distribution overlaid in Fig. 5f is ob-
tained directly from the full initial orientation map (all grains), whereas
the grow/shrink curves are normalized by the total number of tracked
grains in each subset. Importantly, grains that experience significant
growth at later stages were already distinguishable in the initial
microstructure (Fig. 5f): the largest ~10% of grains account for ~40 %
of the total area that later becomes part of the mechanically induced
grown-grain population. Conversely, grains that shrink are systemati-
cally smaller (Fig. 5f) and display a strong (110) orientation bias, with
intensities peaking at ~6.3 MRD (Fig. 5h).

The orientation maps also show frequent grain rotations, with
representative examples marked by black arrows in Fig. 5a-b. Rotations
are most pronounced between stages (i)—(ii): ~30% (91 grains) rotate
by >20°, and the average angle of rotation is 6.2°. Between stages (ii)—
(iii), rotation is substantially reduced; among 50 grains that could be
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Fig. 3. Representative 4D-STEM IPF-Z orientation maps of the films after loading at room temperature: (al) Type A, (b1) Type B, (c1) Type C. (a2-c2) IPF triangles of
statistical datasets compiled from all scans for each film type (scan x ~10 for each): (a2-c2) after loading, (d) area-weighted grain-size distributions for Types A-C
(inset: magnified view of the red-boxed tail, 80-150 nm, highlighting abnormally large grains).

Table 3
Orientation-resolved average grain size in the 100 nm Ni films (d 4+ SD, nm)
with their respective MRD from mechanical loading at room temperature.

Orientation Type A Type B Type C

(110) 15.0 + 13.5 (2.8) 19.8 +11.9 (0.5) 16.2 + 8.7 (0.9)
(111) 15.7 £12.1 (1.0) 33.5 +23.7 (4.1) 18.1 £8.9(1.0)
(112) 15.2 £ 11.4 (1.5) 25+ 14.6 (2.4) 18.1 £10.3(1.4)
(100) 20.6 + 25.6 (1.8) 28.7 + 21.0 (2.4) 24.2 + 14.4 (3.4)
Total 17.2 +£15.3 27.7 £17.5 20.1 +£11.6

confidently matched, none rotate by >20°, and the average rotation
angle is ~1.5°. These large apparent rotations (>20°) in both experi-
ments (Figs. 4 and 5) are generally observed in grains that also undergo
pronounced growth or shrinkage (i.e., typically the initially larger or
smaller grains). This indicates that the measured rotations primarily
reflect GB-mediated microstructural evolution, rather than simple rigid-
body lattice rotation of an otherwise unchanged grain, consistent with
prior reports of coupled GB motion and grain rotation in nc micro-
structures [35].

In a complementary experiment on a bimodal microstructure pro-
duced by annealing, boundary motion under mechanical loading was

confined to the pre-existing ALGs, while the surrounding nc matrix
remained essentially immobile (Supplementary Fig. S7 and Supple-
mentary Video S3). Interrupted analysis was not performed on Type C
films, as their grain growth was too small to track on a grain-by-grain
basis and the pronounced spatial heterogeneity in the initial texture
would render localized measurements unrepresentative.

3.4. Microstructure evolution due to mechanical loading at 100 °C

The statistical comparison experiments for all three films were
further repeated at 100 °C, again comparing the initial microstructures
to the ones obtained after straining to ¢ = 4% and holding. Prior to
loading, the as-deposited microstructures were confirmed to remain
unchanged upon heating. That is, no grain growth occurs at 100 °C in
the absence of an applied load. Following the same procedure as in the
room-temperature experiments, approximately ten orientation maps of
comparable field of view were analyzed for each film (step size ~d /10).
Representative orientation maps after the load-hold are shown in
Fig. 6al-cl (full datasets in Supplementary Figs. S8-S10). From the
corresponding IPF triangles (Fig. 6a2-c2), Type A exhibits dominant
peaks near (112) and (100) with a maximum intensity of ~2.5 MRD in
the overall film. Type B shows a strong (111) component reaching ~4.3
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Fig. 4. Interrupted 4D-STEM analysis of a Type A film. (a) Orientation map in the undeformed state. (b) Orientation map of the same area after mechanical loading
for 30 min. The white arrow indicates a reference point in the two scans. (c,d) Corresponding IPF triangles, expressed in MRD, are shown below each corresponding
orientation map. (e) Grain-size distributions before and after straining, showing an increase in average grain size from 9.4 nm to 13.9 nm. (f) MRD intensities of the

four dominant out-of-plane orientations for each scan.

MRD; and Type C displays a pronounced (100) fiber with a maximum of
~3.6 MRD. Grain-size histograms (Fig. 6d) quantify the extent of grain
growth. The distributions of Types A and B shift toward larger grain sizes
compared to Type C, with a more pronounced 80-150 nm shoulder and
ALGs extending up to ~280 nm. The normalized grain-size distributions
are provided in Supplementary Fig. S11.

The orientation-resolved grain-size statistics in Table 4 are consistent
with the corresponding IPF triangles (Fig. 6a2-c2): Type B and Type C
exhibit the highest intensities of (111) and (100) grains, respectively. In
contrast, Type A also shows unusually large (111) grains with relatively
low size dispersion. Such selective coarsening indicates a growth mode
that could be different from other orientations, in which this orientation

is preferentially selected, so these grains grow much larger at the
expense of the surrounding matrix.

4. Discussion

The primary objective of this study is to compare thermally and
mechanically induced microstructural evolution in Ni thin films as a
function of their initial texture, in order to identify and decouple the
dominant driving forces governing grain growth. We first distinguish the
growth trends arising from the distinct thermal and mechanical loading
histories, and then analyze the underlying driving forces inferred from
these contrasting behaviors.
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Fig. 5. Interrupted 4D-STEM analysis of grain growth in a Type B film subjected to mechanical loading. Orientation maps (a-c) correspond to three stages: unde-
formed (¢ = 0%), after load and 30 min hold that reaches ¢ ~ 8%, and after a second load-hold reaching ¢ ~ 16%. Some occurrences of grain rotation are marked by
black arrows in (a-b). (d) MRD evolution for different out-of-plane orientation families for the three scans. (e) Grain size distributions for the three different strain
levels. (f) Cumulative area fraction plotted versus grain size for the undeformed microstructure: “initial” includes all grains at ¢ = 0%; “grow” and “shrink” refer to
grains identified as growing or shrinking upon mechanical loading (b). (g-h) IPF pole density maps for the grains that (g) grow and (h) shrink.

Grain-growth behavior is evaluated by tracking the evolution of
texture components in each film type for two key reasons. First, because
these specimens are thin-film geometries with a large free-surface area,
grains with out-of-plane orientations that possess lower surface energies
(e.g., (111) and (100) in fcc crystals) reduce the total system energy.
Second, different texture families exhibit statistically distinct initial
grain-size distributions. Grouping grains by their texture components
thus provides a convenient and meaningful way to compare growth
behavior among grain populations with different starting sizes.
Although out-of-plane texture itself may not directly dictate stress-
induced grain growth, it serves as a useful surrogate parameter that
links initial grain-size statistics to the experimentally observed growth
trends.

4.1. Texture evolution

4.1.1. Thermally-induced texture evolution
Upon thermal annealing, all three films exhibit pronounced

strengthening of their (111) and (100) fiber textures along with exten-
sive annealing-induced twinning, consistent with the tendency to
minimize surface and grain-boundary energies [36,37]. Among the
low-index planes in Ni, the (111) surface has the lowest energy (~1.95 J
m~2), followed by the (100) surface (~2.25 J m™2), with (110) being
substantially higher [38]. Consequently, grains with (111) out-of-plane
orientations grow most favorably, and (100)-oriented grains are also
promoted relative to higher-energy orientations. After annealing, Type
A exhibits a slightly broader (111) spread than Types B and C, whereas
Type C contains a larger fraction of (100) grains. These differences likely
arise from their distinct initial textures and boundary configurations,
which interact and coevolve during grain growth [37].

4.1.2. Stress-induced texture evolution at room temperature
Stress-induced grain growth (for applied stress above the yield stress)
produces texture evolution that is highly dependent on the initial texture
state. As illustrated in Fig. 7, the out-of-plane IPF triangles for the films
after mechanical loading are shown first for all grains in each type of
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Table 4
Orientation-resolved average grain size in the Ni films (d~ 4 SD, nm) with their
respective MRD values from mechanical loading at 100 °C.

Orientation Type A Type B Type C

(110) 25.8 +20.0 (1.7) 19.8 +£11.9 (0.5) 13.3 £6.4(1.0)
(111) 57.4 £+ 6.3 (1.5) 33.5+23.7 (4.7) 147 £6.7 (1.2)
(112) 27.7 £ 25.9 (2.5) 54.1 +£14.6 (2.3) 14.8 +7.4(1.7)
(100) 36.8 &+ 44.4 (2.4) 37.8 £28.2(2.4) 19.9 +13.1 (3.6)
Total 33.2+36.6 50.5 + 31.7 16.0 £ 8.5

film (type A-C in Fig. 7al-cl, respectively) and then for only the
coarsened subset (Fig. 7a2-c2). Coarsened grains are defined as those
whose final sizes (d ) exceed approximately twice their as-deposited
mean size. The cutoff sizes were 20 nm for Types A and B and 23 nm
for Type C (see Supplementary Table S1 for quantitative fractions and
d).

Type A, which exhibited an initially uniform grain-size distribution
across its texture components, shows minimal texture evolution. Its
weak (110) fiber remains essentially unchanged, with a maximum in-
tensity of 2.8 MRD in both the overall film and the coarsened subset
(Fig. 7al and a2). In Type B, where (111)-oriented grains were initially
larger on average than the other texture families, stress-assisted growth

becomes orientation sensitive. The weak (112) component in the as-
deposited state (~2.9 MRD) transforms into a dominant (111) fiber
after loading, reaching 3.9 MRD in the overall film and 4.3 MRD in the
coarsened subset (Fig. 7bl and b2). Type C also shows strong
orientation-dependent coarsening. Because its (100)-oriented grains
were initially larger than other orientations, mechanical loading am-
plifies the preexisting (100) fiber, increasing from 3.3 MRD in the full
film to 5.4 MRD in the coarsened population (Fig. 7c1 and c2). Collec-
tively, these trends indicate that stress-assisted grain growth leaves the
texture of Type A nearly unchanged, whereas Types B and C undergo
pronounced sharpening along (111) in Type B and (100) in Type C.

4.1.3. Combined effect of stress and temperature on texture evolution
When mechanical loading was applied at a moderate temperature of
~100 °C (insufficient to trigger grain growth in the absence of applied
load), the orientation selectivity became even more pronounced; see
Fig. 8 and Supplementary Table S2. In Type A, a previously absent (111)
component begins to appear, while the (112) and (100) components
decrease in relative intensity. The overall film exhibits a maxima of ~2.5
MRD for both (112) and (100), while the coarsened subset sharpens to
~2.8 MRD (Fig. 8al and a2). The transition from “no (111) selection” at
room temperature to “emergent (111) selection” at 100 °C indicates that
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shown in Fig. 3(a2-c2). (a2-c2) Texture of grains that grew during mechanical loading for Types A-C, respectively. Color denotes MRD values; the reported numerical
values indicate the maximum MRD value.
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Fig. 8. Texture summary after mechanical loading at 100 °C shown by out-of-plane IPF triangles. (al-c1) Overall-film texture for Types A-C. (al-c1) correspond to
those shown in Fig. 6(a2-c2). (a2—c2) Texture of grains that grew during mechanical loading for Types A-C. Color denotes MRD values; the reported numerical values
indicate the maximum MRD value.

the moderate temperature biases the energetics and activates a new intensification at 100 °C loading, reaching ~4.3 MRD overall and ~4.7
(111) orientation preference in Type A. While Type B, which develops a MRD for the coarsened grains (Fig. 8b1 and b2). Thus, a moderate in-
dominant (111) fiber under room temperature loading (as shown in crease in temperature amplifies the existing (111) preference already

Fig. 7bl and b2, 3.9 MRD overall, 4.3 MRD subset), undergoes further established under room-temperature loading for Type B. Type C exhibits
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Fig. 9. IPF triangles summarizing the texture evolution from the initial state to three processing conditions: Load at RT (loading to ~4% strain followed by holding at
room temperature), Load + T (loading to ~4% strain followed by holding at 100 °C), and Anneal (thermal annealing at 700 °C without applied stress).
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a similar thermally enhanced trend as Type B: the (100) fibers in Type C,
which are already strengthened during room-temperature mechanical
loading (3.3 MRD overall, 5.4 MRD subset), intensifies further at 100 °C,
reaching ~3.6 MRD overall and ~7.9 MRD in the coarsened subset
(Fig. 8c1 and c2).

As summarized in Fig. 9, the textures that emerge under different
environmental conditions follow clearly distinct evolution paths. During
mechanical loading (applied stress above yield stress) at room temper-
ature, Type A retains its initial weak textures with minimal change,
whereas Types B and C reorient toward their size-favored components
((111) and (100), respectively). Under thermal annealing, all films
evolve toward strong (111)/(100) textures. Mechanical loading at 100
°C yields an intermediate response, producing partial sharpening of
these same preferred orientations. This mixed character is most evident
in Type A, where annealing-favored orientations are superimposed with
those promoted by room-temperature loading. In contrast, Types B and
C show strong overlap between mechanically and thermally favored
texture components, such that the primary differences manifest mainly
in the magnitude of the MRD intensities rather than in the identity of the
preferred orientations. The summary of the corresponding pole figures
for these conditions are also provided in Supplementary Fig. S12. For
clarity, each IPF triangle is independently scaled, and the corresponding
maximum MRD value is indicated next to each map.

4.1.4. GB evolution

In addition to the orientation selection described above, the
boundary network also evolves during grain growth. Because the Ni
films contain predominantly high-angle boundaries (disorientation
>15°) of various tilt and twist character, the total boundary energy of a
given microstructure cannot be directly quantified (the disorientation
distribution of all the experiments are summarized in Supplementary
Fig. S13). Instead, we track the evolution of the twin network by iden-
tifying 3 boundaries and their associated X9 variants before and after
thermal or mechanical loading.

As shown in Fig. 10a—c, room-temperature mechanical loading leads
to modest but clearly film-dependent changes in boundary character.
The X3 length fraction decreases from 0.152 to 0.133 (-12.5%) in Type
A and from 0.216 to 0.181 (-16.2%) in Type B, but increases slightly
from 0.168 to 0.182 (+8.3%) in Type C. The X9 fraction remains small
and changes only marginally. Although these differences cannot be
attributed to a single mechanism, the content of special boundaries is
expected to be coupled to texture evolution: shifts in orientation pop-
ulations naturally modify the frequency of twin-related variants [39].
Consistent with this interpretation, mechanical loading at room tem-
perature produces only small, film-specific adjustments (Fig. 10).

Mechanical loading at a moderate temperature produces boundary
distribution changes that are clearly distinct from the room-temperature
case, but not as prominent as those produced by annealing (Fig. 10). In
contrast to RT mechanical loading, where the X3 length fraction
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decreases in Types A and B and changes only slightly in Type C, loading
at 100 °C leads to a consistent increase in X3 content across all three
films: from 0.152 to 0.176 (+15.8%) in Type A, from 0.216 to 0.227
(+5.1%) in Type B, and from 0.168 to 0.179 (4+6.5%) in Type C
(Fig. 10a—c). Annealing produces a much stronger increase in £3, from
0.152 to 0.290 (+90.8%) in Type A, from 0.216 to 0.386 (+78.7%) in
Type B, and from 0.168 to 0.280 (+66.7%) in Type C, while the =9
length fraction also increases consistently across all three film types.
This progression in boundary statistics (RT loading < load+T <
annealing) is consistent with the texture evolution summarized in Fig. 9,
where loading at a moderately elevated temperature promotes partial
development of annealing-associated texture components (primarily
(111)/(100)), whereas annealing produces the strongest sharpening of
these preferred orientations.

4.1.5. Summary of microstructure evolution trends

Overall, our observations reveal two distinct trends of
microstructure-evolution: (i) a grain-size-associated growth bias, in
which grains initially larger than the film average tend to grow prefer-
entially, and (ii) a texture-selection trend, in which (111)/(100) com-
ponents become increasingly prominent. The former dominates during
room temperature deformation, where grains initially larger than the
film average tend to grow at the expense of smaller ones. This behavior
is reflected in the texture evolution. The texture components associated
with relatively large initial grains (e.g., (100) grains in Type C)
strengthen after mechanical deformation, whereas those associated with
relatively small grains (e.g., (110) grains in Type B) weaken. This
concept is illustrated schematically in Fig. 11. In Case 1 (Fig. 11a-c),
when all orientation families begin with comparable grain size distri-
butions, coarsening is uniform, and the out-of-plane texture is essen-
tially “locked” from the initial state. The Type A films demonstrate this
behavior. In Case 2 (Fig. 11d-f), different texture components have
different average grain sizes. Under applied load, the larger-grain fam-
ilies grow and ultimately increase their area fraction/dominate, while
the smaller-grain families shrink. This process shifts the overall texture
toward those initially larger populations (Type B/C behavior).

The second trend, the preferential growth of low surface energy
grains, becomes dominant once the temperature is elevated. Under
mechanical loading at 100 °C, grain growth is already governed pri-
marily by this thermally driven mechanism, which operates even more
strongly during pure thermal annealing at higher temperatures (e.g.,
700 °C). Consequently, the samples develop a texture intermediate be-
tween the stress-selected state at room temperature and the annealed
state (Fig. 9), and the £3 twin-boundary fraction also increases mono-
tonically (Fig. 10), mirroring its evolution under pure annealing.
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Fig. 10. Special-boundary statistics for Types A-C. (a—c) Length fractions of £3 and X9 boundaries in the as-deposited state and after room-temperature mechanical

loading, mechanical loading at 100 °C, and thermal annealing.
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Fig. 11. Orientation-resolved schematic illustrating two types of stress-induced grain-growth behavior. (a—c) All orientation families start with comparable log-
normal grain-size distributions, as shown in (a), plotted with the intensity (MRD), where MRD denotes the density (multiples of random) of the given family.
Grain growth shifts the distributions to larger sizes while preserving their relative weights, so the texture is retained (b,c). (d-f) Evolution of orientation-biased
coarsening: grains with initially different orientation-dependent size distributions (d) develop growth responses (e, f) that change the texture. The yellow area
denotes the overall grain-size distribution, while the colored curves represent orientation-resolved subsets.

4.2. Effects of stress and temperature on grain growth

4.2.1. General considerations

From a global energy perspective, grain growth can be understood as
a process of reducing the total free energy of the system. In poly-
crystalline Ni thin films, this reduction occurs due to different dominant
driving forces. First, the system can reduce GB energy through con-
ventional capillarity-driven coarsening, i.e., by reducing total GB area
and, when GB energies are anisotropic, by preferentially replacing
higher-energy boundaries with lower-energy boundaries [40-43]. Sec-
ond, in thin-film geometries, surface-energy anisotropy can bias
orientation-selective grain growth: grains with lower-energy surface
normal (e.g., fcc (111) and (100), with representative surface energies
of 1.94 and 2.21 J m™, respectively [38]) can grow preferentially,
thereby reducing the total surface-energy contribution without chang-
ing the film geometry [44-46]. Third, under external loading, me-
chanical effects become important [47,48]. Because the experiments
conducted in this study are displacement-controlled, the elastic energy
stored in the film scales as W ~ L E¢2. Thus, at a fixed applied strain, the
system can reduce W by increasing the fraction of elastically compliant
grains aligned with the loading direction [3,48,49], or through plastic
dissipation, where stress-assisted growth of yielding grains consumes
stored mechanical energy.

Importantly, however, the reduction of total system energy does not
necessarily imply that grains with lower elastic strain energy density
must grow at the expense of those with higher elastic strain energy
density. As shown in prior simulations [49], elastically softer grains may
grow even when they exhibit higher stored elastic strain energy density
under displacement-controlled loading. This apparent paradox arises
because the driving force for boundary migration is not determined
solely by local elastic energy density, but by the change in total system
energy, including both elastic strain energy and stress work associated
with boundary motion.

From a local energy perspective, GB migration is governed by
configurational forces acting on the boundary. The classical capillarity
effect, proportional to boundary curvature and energy, drives boundary
motion that reduces total GB energy. Under applied stress, shear-
coupled GB migration provides a stress-assisted kinetic pathway,
allowing boundary motion to proceed with coupled shear deformation.
At the same time, elastic anisotropy creates orientation-dependent dif-
ferences in stored elastic energy, which can bias boundary motion to-
ward replacing elastically stiffer grains with more compliant ones [48].
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Once plasticity begins, grain size introduces a further effect through
grain-size-dependent yielding, enabling local plastic accommodation
that can further promote boundary motion. Together, these global and
local perspectives provide a unified energetic framework that explains
our experimental observations of grain-size-driven growth,
surface-energy-induced texture sharpening, stress-assisted coarsening,
and the evolution of special boundary networks in Ni thin films.

Regarding the effects of temperature and stress, grain growth at high
temperatures is usually governed by the reduction of total surface and
GB energy through curvature-driven GB migration. In this process,
boundary motion reduces interfacial area and tends to favor the devel-
opment/expansion of low-y, surface facets, while low-yz boundaries (e.
g., twin boundaries) are preferentially retained within the evolving
network (and may increase in relative fraction as higher-energy/more
mobile boundaries are removed), where y, and ygz denote the free-
surface energy and grain-boundary energy, respectively. When me-
chanical loading is applied, grain growth can be influenced by two
complementary contributions, arising from elastic and plastic defor-
mation. In the purely elastic regime, the orientation-dependent elastic
response alters the configurational force acting on grain boundaries
through differences in stored strain energy and in the stress-work asso-
ciated with GB motion, thereby biasing boundary migration. Once the
plastic regime initiates, a second mechanism arises from grain-size-
dependent yielding. Owing to Hall-Petch strengthening, larger grains
relax earlier through plastic slip [11]. This process drives GBM from
plastically softer toward harder grains. Such differential yielding may
also arise from orientation-dependent Schmid factors, as grains with
higher factors require lower external stresses to activate slip. While
curvature- and stored-energy define the thermodynamic driving force
for GBM, the migration rate is also governed by the boundary mobility,
which can be influenced by mechanical loading. Under an applied shear
stress 7, the mechanical work 7V* (where V*is the activation volume)
lowers the activation energy, thus increasing boundary mobility. Below,
we review each case of observed grain growth and the corresponding
evidence reported in the literature [11,12], including modeling and in
situ experiments that aim to disentangle these effects. Throughout the
discussion, we frame our analysis around the four dominant out-of-plane
fiber components—(111), (100), (110) and (112)—present in the three
films.

4.2.2. Stress-driven grain growth at room temperature
The final microstructures after mechanical loading at room temper-
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ature exhibit texture responses that depend on the initial microstructure.
These results might be interpreted in terms of the possible orientation-
selective driving forces governing grain growth. Schmid factors (m)
were calculated from the measured crystal orientations by projecting the
loading direction onto each {111}(110) slip system. For each pixel, we
computed m = |cosgcosi| = |(A-L)(5-L)|, where 7 is the slip-plane
normal, § is the slip direction, and L is the unit vector along the
applied loading axis. The values show minimal change with deformation
from their initial states: Type A 0.45 + 0.05 — 0.45 + 0.04, Type B 0.45

+0.04 — 0.45 £ 0.04, and Type C 0.45 + 0.04 — 0.46 + 0.04. The small

shifts and strongly overlapping distributions indicate that orientation-
dependent resolved shear stress does not provide a dominant bias for
the observed grain growth.

Although grain growth is not observed at room temperature at
stresses below the yield stress, it can occur once the applied stress is
sufficiently high to activate GB motion. If the primary role of stress were
merely to enhance boundary mobility, i.e., to overcome kinetic barriers
to migration without altering the thermodynamic selection criteria, the
resulting texture evolution would be expected to resemble that produced
by thermal annealing. In that case, low-surface-energy orientations such
as (111) and (100) would be favored, consistent with Fig. 2 and prior
studies [50-52]. However, our experimental observations show little to
no sharpening of the low-surface-energy (111) texture in either Type A
or Type C, and the X3 boundary fraction does not increase appreciably.
These results indicate that surface and grain-boundary energy anisot-
ropy does not play a leading role in determining stress-driven grain
growth behavior at room temperature.

Under applied tension, grains with less elastic energy are expected to
outgrow their neighbors, with early experimental evidence of this effect
[53] dating back to the 1950s. To identify the elastically soft orientation
in a polycrystal thin film, we modeled a representative cylindrical grain
of cubic symmetry embedded in a homogeneous polycrystal subjected to
uniaxial tension. The diffraction elastic constants along loading direc-
tion were evaluated by combining the classical Eshelby inclusion solu-
tion with the self-consistent solution, based on the formulation derived
in our previous work [54]. If elastic anisotropy were the primary se-
lection mechanism, the largest grains would converge toward the most
compliant orientations. However, the orientation-resolved modulus
analysis shows no evidence that elastically compliant grains preferen-
tially coarsen (see Supplementary Figure S14 and its description in the
Supplementary Material). This concept appears more relevant under
high cycle loading conditions, where a recent study of UFG Ni films
under low applied loads revealed preferential coarsening of grains ori-
ented with (100) along the loading direction [3].

At room temperature, coarsening is observed only after yielding and
is therefore best described as plasticity-assisted, size-biased coarsening,
rather than orientation-driven selection. The primary -correlation
observed in our experiments is the influence of grain size on coarsening
behavior. As shown in Fig. 5f for the Type B film, grains that grew during
mechanical loading were predominantly those in the upper tail of the
initial size distribution (>60% area fraction of the coarsened grains were
initially larger than 15 nm). This size bias is also evident in the GBM
behavior observed in the pre-annealed bimodal grain structure (Fig. S7),
where pre-grown coarse grains further expanded during subsequent
loading, while the surrounding nc matrix remained unchanged. This
explains why the Type A film retains its initial texture during stress-
driven grain growth, whereas the textures of the Type B and C films
evolve.

4.2.3. Stress-assisted grain growth at 100 °C

At 100 °C, mechanical loading produces an intermediate response
between the purely size-biased behavior observed at ambient tempera-
ture and the surface or grain-boundary-energy—controlled grain growth
that occurs during thermal annealing (Fig. 9). It is important to
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emphasize that the applied temperature was sufficiently low to prevent
any spontaneous GB motion in the absence of stress. Therefore, the
observed GB migration at this temperature is attributed to stress-assisted
activation rather than thermal effects alone. As shown in Figs. 7-11, the
emergence of large (111) grains and an increased fraction of low-energy
boundaries at 100 °C indicates that, while stress continues to supply a
modest grain-size-dependent driving component, the coarsening be-
comes increasingly governed by interfacial-energy minimization, fa-
voring low-y, orientations and low-ys boundaries. Mechanistically, this
behavior can be rationalized by the increased boundary mobility, as the
mechanical work 7V* lowers the activation energy of boundary motion
[55,56]. Consequently, at 100 °C, where thermal activation alone is
insufficient to solely drive grain growth, the additional mechanical work
term 7V* significantly decreases the kinetic limitation and accelerates
boundary motion. The relative dominance of stress-driven versus
thermally-driven migration would depend on both the temperature and
the magnitude of the applied stress.

4.3. Effects of deposition methods

In e-beam evaporation, atoms impinge on the substrate surface with
low kinetic energy (<1 eV) and perpendicular trajectories, resulting in a
limited surface mobility and a comparatively less dense microstructure
[57,58]. In contrast, sputter deposition involves higher adatom energies
(~10 eV), which enhances surface diffusion and leads to a slightly
denser film [57,58]. Oxygen/solute segregation could modify
grain-boundary energy and mobility and thereby affect the extent and
kinetics of grain growth, with oxygen preferentially segregating to the
boundaries [59,60]. Because the oxygen level is below the detection
limit of our TEM-EDX measurements, we cannot fully exclude a
contribution from solute effects. However, we do not expect solute
segregation to dictate the size-based selection trends observed in this
study. A definitive assessment of boundary solute content would require
atom probe tomography (APT), which is beyond the scope of the present
work. Such measurements would be valuable in future studies to directly
evaluate how dilute solute segregation affects grain boundary migra-
tion. The various adatom kinetics contribute to the development of the
various out-of-plane textures observed in Fig. 2. The higher deposition
temperature used for Type C could also potentially lead to more stabi-
lized boundary structures [59,60] that could affect the extent of grain
growth. Although impurity segregation at GBs has been shown to
impede grain growth during annealing by inducing boundary pinning
[61], such effects are unlikely to be significant here due to the high
purity nickel source (99.995%).

Grain-boundary grooving at the free surface can impose a geometric/
kinetic constraint, which may limit the overall extent of coarsening [62].
However, grooving does not introduce a mechanism that would selec-
tively bias growth toward initially larger grains; therefore, it is not ex-
pected to account for the size-based selection trends discussed here.
Prior experience with comparable ~100 nm films shows that groove
depths in the as-deposited films are generally shallow (~5 nm [29]), and
should not have a large effect on the mechanical properties.

5. Conclusion

The effects of temperature and mechanical loading on grain growth
in nc Ni films were investigated both statistically and on a grain-by-grain
basis using MEMS-based in situ TEM experiments. By testing films with
varying initial microstructures, we show that thermally driven and
stress-dominated grain growth follow distinct pathways depending on
the initial texture and environment. Specifically,

e Annealing at high temperature (700 °C) leads to conventional ther-
mally driven grain growth through a surface and GB ener-
gy-minimization route, strengthening the (111) or (100) fiber
texture and increasing X3 twins in all films.
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e Mechanical loading at room temperature causes stress-dominated
grain growth: coarsening occurs for larger grains in the initial size
distribution, indicating size-dependent selection rather than orien-
tation preference. Consequently, stress-driven texture evolution oc-
curs only when the initial grain is orientation-biased (Types B and C),
whereas films with orientation-independent grain size (Type A)
maintain their original texture. This behavior is attributed to grain
size dependent yielding.

Mechanical loading at a moderate temperature (100 °C) assists
thermally driven grain growth, producing mixed selection: larger
grains continue to grow, while stress-enhanced GB mobility pro-
motes the growth of low-surface-energy orientations, partially
steering the texture toward that seen in annealed samples.

These results reveal the competing roles of temperature, stress and
initial texture in controlling microstructural stability in NC metal thin
films. They also demonstrate the growing capability of TEM as a big-data
technique for statistically representative texture quantification.
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