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Modeling Dislocation-Mediated
Hydrogen Transport and Trapping
in Face-Centered Cubic Metals
The diffusion of hydrogen in metals is of interest due to the deleterious influence of hydrogen
on material ductility and fracture resistance. It is becoming increasingly clear that hydro-
gen transport couples significantly with dislocation activity. In this work, we use a coupled
diffusion-crystal plasticity model to incorporate hydrogen transport associated with dislo-
cation sweeping and pipe diffusion in addition to standard lattice diffusion. Moreover, we
consider generation of vacancies via plastic deformation and stabilization of vacancies via
trapping of hydrogen. The proposed hydrogen transport model is implemented in a physi-
cally based crystal viscoplasticity framework to model the interaction of dislocation sub-
structure and hydrogen migration. In this study, focus is placed on hydrogen transport
and trapping within the intense deformation field of a crack tip plastic zone. We discuss
the implications of the model results in terms of constitutive relations that incorporate
hydrogen effects on crack tip field behavior and enable exploration of hydrogen embrittle-
ment mechanisms. [DOI: 10.1115/1.4051147]
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1 Introduction
Literature regarding the influence of hydrogen (H) on metals

dates back to 1875 [1]. Many subsequent experimental and theore-
tical studies have investigated the effects of H on the mechanical
response of metals [2]. Complete understanding remains elusive
despite this rich history of investigation, and resolution of the
problem remains desirable due to the common exposure of struc-
tural metals to H in a variety of energy applications [3,4].
Hydrogen fundamentally changes the effective response of a

material, most frequently causing components to exhibit loss of
ductility and increasing susceptibility to fatigue failure [5]. Lower
length scale investigations often reveal more complex interactions
between H and the host material, e.g., competition between material
hardening and softening [6]. To effectively design for the influence
of H based on a broad range of experimental observations, a wide
variety of mechanisms have been proposed. The most commonly
cited mechanisms include hydride precipitation, hydrogen
enhanced localized plasticity [7,8], adsorption induced dislocation
emission [9–12], hydrogen enhanced decohesion [13,14], and
hydrogen enhanced strain induced vacancy creation [15,16].
While each mechanism has a reasonable basis, experimental inves-
tigations are typically based on averaged, macroscale behavior, pre-
cluding direct observation of the proposed mechanism(s) at
appropriately small length and time scales. Therefore, accurate
computational modeling at operative sub-micron length scales is
key to elucidating the governing processes.
Regardless of the mechanism(s) subscribed to, the deleterious

effects of H are directly linked to the elevated concentration of H
in small volumes of material in critically stressed or strained
regions such as notches and crack tips. Faithful representation of

the H distribution is prerequisite to more complete consideration
of the mechanistic aspects of hydrogen embrittlement. Computa-
tional simulations of H transport and trapping are therefore essen-
tial. Sofronis and McMeeking [17] considered the distribution of
H ahead of a crack tip, accounting for diffusion driven by the H
chemical potential. This approach has been adopted by a number
of researchers in a variety of computational frameworks [18–22].
These works, applicable to length scales well above those of dislo-
cation substructure, do not capture important mesoscale transport
and trapping processes. These processes, affected by the evolution
of certain material defect populations, have been experimentally
observed to increase the rate of H transport. Saintier et al. [23]
found enhanced H transport at a crack tip in face-centered cubic
(FCC) stainless steel, attributed to dislocation-mediated processes
due to the lack of appreciable martensitic transformation. Disloca-
tion transport processes were partially accounted for in the recent
computational work of Dadfarnia et al. [24] via introduction of
the convective transport of H via mobile dislocations. Dadfarnia
et al. [24] found that accounting for this mechanism enhanced the
H transport, supporting the notion that mesoscale transport pro-
cesses play an important role in the overall distribution of H at suf-
ficiently small length scales. This paper extends the current
state-of-the-art computational H transport framework to more com-
prehensively account for a variety of line and point defect popula-
tions and their influence on the distribution of H ahead of a crack tip
in an FCC metal.

2 Hydrogen Transport
2.1 Mesoscopic H Transport Mechanisms. As noted in the

experimental observations of Murakami et al. [25] and Nagumo
[16], dislocations and vacancies (Va) play an important role in
the H distribution problem. As such, we consider mobile disloca-
tions, dislocation wall substructures, and Va to be among possible
H traps. Grain boundaries are not considered in this treatment.
We label the H concentration according to respective sites,
namely, in the lattice CL, at mobile dislocations CHMD, at
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dislocation wall substructures CHWD, and trapped in H-Va com-
plexes CHVa. Furthermore, we label the mobile H concentration
CM and the total H concentration CH.
Estimation of the H distribution via computational techniques

requires knowledge of operative H transport mechanisms. As dis-
cussed, these include mechanisms commonly addressed, such as
H diffusion driven by the chemical potential, i.e., the lattice concen-
tration gradient [17,26] and hydrostatic stress gradient [27,28]. Fur-
thermore, we consider additional transport mechanisms that operate
on the mesoscale; these include pipe diffusion of H along the cores
of edge dislocations [29,30] and sweeping of H through the lattice
via migration of mobile screw dislocations [24,26,31,32]. These
various modes of H transport are important to consider at appropri-
ate length scales as dislocations play a role in H transport [32].
Dislocation-mediated transport mechanisms operate on different
components of the overall H concentration. Namely, the dislocation
pipe diffusion mechanism is related to CHWD, while the convective
dislocation sweeping mechanism is related to CHMD.
As a first-order approximation, it is assumed that the time scales

required for significant time-dependent relaxation of sessile disloca-
tion structures and diffusion of Va are much longer than the time
scales required for H diffusion [33]. Sweeping of H by mobile dis-
locations does not fall into this category and must be considered.
Furthermore, strain-induced Va are considered to be strong traps
for H while mobile screw and wall edge dislocations are considered
to be relatively weak traps by comparison. This approximation is
justified from a thermodynamic perspective when considering the
binding energy of each trap type. In nickel, the hydrogen-
dislocation binding energy has been found to be between 0.04
and 0.13 eV [34,35], and the hydrogen-vacancy binding energy
proposed to be between 0.27 and 0.44 eV [36,37]. Overall, the lit-
erature values vary slightly, but the trends are consistent; H-Va
binding energies are four to six times greater than H-dislocation
binding energies.
Considering Va to be the strongest trap in the system is further

justified from a kinetics/mobility perspective. The interaction dis-
tance of a dislocation with its impurity field can be estimated as
30bwhere b is the Burgers vector [38]. This distance is significantly
larger than the spatial variation in background electron density asso-
ciated with vacancy trap sites, on the order of b. As such, we treat
vacancies as relatively localized traps when compared with the
more diffuse nature of dislocation trapping sites. The diffuse
nature of H-dislocation binding sites, along with lower binding
energies, supports their treatment as relatively weak traps, with H
having higher probability to exit the trap. Both thermodynamic
and kinetic arguments are qualitatively depicted in Fig. 1, where
E0 is the energy of H in the lattice, Edisl is the energy of H in a dis-
location, EVa is the energy of H in Va, and r is the distance from the
trap of interest. The factor of 5 shown in the equation in Fig. 1
results from the ratio of H-Va binding energy to H-dislocation
binding energy, as reviewed in the preceding paragraph.
The foregoing argument implies that H is not “trapped” at edge or

screw dislocations per se, but rather is subject to different transport
mechanisms compared with H in the lattice CL. H resident in edge
dislocation cores CHWD is subject to pipe diffusion, whereas H
ensnared by screw dislocation segments CHMD is subject to trans-
port via dislocation sweeping. By comparison, we consider that

H-Va complexes are stable despite interaction with mobile disloca-
tions based on atomistic simulations by Li et al. [39] in iron. These
considerations imply that the mobile CM and total H concentration
CH can be described as CM=CL+CHWD+CHMD and CH=CM+
CHVa, respectively. The arguments outlined above can be summar-
ized via three governing assumptions:

• Mobile screw dislocations and edge wall dislocations weakly
trap H, i.e., do not “lock” H in place. Weak traps are also con-
sidered to be diffuse and H can escape to encounter a different
type of trap.

• Va strongly trap H and inhibit further diffusion; the rate of Va
diffusion is also significantly reduced.

• Weak and strong traps are each in local equilibrium with lattice
H, and traps do not interact with each other.

2.2 Hydrogen Transport Model. The governing continuity
equation for H concentration can be written as

∂CH

∂t
+ ∇ · J = 0 (1)

where CH was defined previously and J is the flux of H [40]. Proper
application of Eq. (1) requires the development of constitutive equa-
tions that explicitly consider H trapping and transport. First, parti-
tioning the H trapped at various defects will be addressed.
Subsequently, the constitutive equations for the H flux J will be dis-
cussed. Lastly, the effective H diffusivity in the crystal will be
considered.

2.3 Hydrogen Trapping. The problem of H trapping has been
previously studied [17,24]. To extend these treatments, we follow
the framework of Ref. [17] and invoke the governing assumptions
associated with the mesoscopic H transport mechanisms identified
in Sec. 2.2. Doing so yields simple equilibrium relations between
the trapped H concentrations CT and background mobile concentra-
tion CM, i.e.

CT=HWD,HMD,HVa =
αTNTCMKT

CM(KT − 1) + βNL
(2)

where αT is the number of H atoms per trap site, β is the number of
H atoms per normal lattice site, NT is the number of H traps per
reference volume, and KT is the associated equilibrium constant.
The equilibrium constant, KT, is written as a function of the
binding energies for each trap type, i.e., KT= exp(−ET/RT) where
R is the universal gas constant, T is the absolute temperature, and
ET is the trap binding energy. Equation (2) is applied for each
trap type proposed to be operative in the current case. For disloca-
tions, a “trap site” does not correspond to a single atomic site, but
rather a more diffuse region encompassing the region of tensile
stress produced by the presence of the dislocation.
The notation used in Eq. (2) and in the definition of CM requires

some clarification as the trapped H concentrations CHWD and CHMD

seemingly appear on both sides of Eq. (2). This notation results
from the assumed temporal evolution of immobile and mobile H
concentrations. Based on our qualitative examination of H-trap
binding energies, we expect H trapped by dislocations to have a
high probability for trap escape. In other words, at time t, CM is par-
titioned among the various trap types. If H is trapped by Va, it is
considered to be immobile. On the other hand, if H is trapped by
a dislocation, it is considered to remain mobile with a high proba-
bility for trap escape. Consequently, at time t+Δt, the H trapped
by dislocations are susceptible to be trapped by other trap types
as determined by the H-trap binding energies.

2.4 Hydrogen Flux. Prior H transport frameworks considered
the chemical potential as driving H flux through the H concentration
and hydrostatic stress gradients [17]. This can be written in terms of
the effective lattice diffusivity Deff and mobile components of H

Fig. 1 Trap binding energy as a function of distance from the
trap
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concentration exclusive of CHMD, i.e.

JL = −Deff∇(CL + CHWD) (3)

Jσ =
Deff (CL + CHWD)VH

RT
∇σH (4)

where σH is the hydrostatic stress and VH is the partial molar volume
of H in solid solution. Here, σH is defined as the trace of the stress
tensor divided by three. These fluxes involve CL and CHWD, owing
to our assumption that pipe diffusion along dislocations enhances
the effective lattice diffusivity at the mesoscale.
As discussed, an additional flux term should be included to

account for H transport via migration of mobile screw dislocations,
as considered in the recent work of Dadfarnia et al. [24]. The H flux
attributed to dislocation motion is given by

JD = (NHMDV
D)(θHMD) = CHMDV

D (5)

where NHMD describes the number of available trap sites at mobile
dislocations, VD is the dislocation velocity vector, and θHMD

describes the number of occupied mobile dislocation traps per
total available dislocation traps. The dislocation velocity vector
VD corresponds to the average dislocation velocity considering
the dislocation velocity on each slip system obtained via
Orowan’s equation, i.e., �vα = γ̇α/ραb. Here, γ̇α and ρα are the shear-
ing rate and dislocation density on a particular slip system α and b is
the Burgers vector. Due to the dependence of VD on the dislocation
density of each slip system, any dislocation processes such as cross
slip accounted for in the accompanying mechanical model are auto-
matically considered here. Combining the flux contributions from H
concentration gradient, hydrostatic stress gradient, and dislocation
flux yields the expression for H flux as J = JL + Jσ + JD.

2.5 Effective Diffusivity. H diffusion through a deformed
crystalline lattice can be enhanced via the high diffusivity pathways
associated with dislocation cores, previously discussed as pipe dif-
fusion [29]. The effective diffusivity in the presence of pipe diffu-
sion has been accounted for with rule of mixture approximations
[41] as Deff= (1− fd)DL+ fdDPD. Here, fd is the volume fraction
of dislocation cores, DL is the lattice diffusivity, and DPD is the dis-
location core diffusivity. As explained by Chen and Schuh [42], the
rule of mixtures approach does not capture the geometric complex-
ity of random dislocation networks. Chen and Schuh [42] invoked
percolation theory to justify raising the fd term to a positive power in
order to reduce the idealized rule of mixtures diffusivity to account
for the path tortuosity of random dislocation distributions. When
considering nonrandom, ordered dislocation structures, however,
it is difficult to justify the use of a similar power scaling value
from percolation theory. In moderate to highly strained crystals, dis-
location substructures develop, and these structures are highly
ordered and interconnected, i.e., past the critical percolation limit.
Additionally, previous literature [43] has proposed that dislocation
networks are always at the percolation limit given that they cannot
terminate in a perfect crystal.
As opposed to applying the lattice and pipe diffusion diffusivities

to individual H populations, the high probability for trap escape
prompts an averaged approach utilizing an effective diffusivity
Deff. As such, we adopt a rule of mixtures assignment, where the
pipe and lattice diffusivities are weighted by the associated H con-
centration fractions, i.e.

Deff =
CL

CM − CHMD
DL +

CHWD

CM − CHMD
DPD (6)

2.6 Parameter Estimation. Application of the H transport
framework in the example system, nickel, requires the estimation
of several parameters. First, considering the number of dislocation
traps in Eq. (2), we follow the assumption that there is one trap
per atomic plane threaded by a dislocation [44,45], i.e.,

NT =
��
3

√
ρT/a. Here, the factor

��
3

√
is related to the FCC lattice, a

is the lattice parameter, the subscript T denotes the type of disloca-
tion trap, and ρT is the dislocation density as calculated by the
crystal plasticity model. The number of Va traps is more compli-
cated to estimate and will be presented in Sec. 2.7 as an extension
to an existing crystal plasticity framework.
Next, the trap binding energies are considered. The binding

energy of H to Va in nickel is defined to be 0.44 eV as measured
by Fukai [46]. Following Kocks et al. [47], we assign the bulk of
mobile dislocations to be of screw character, prompting the assign-
ment of the binding energy of H to mobile dislocations to be
0.07 eV, a simple average of the values calculated by Angelo
et al. [35] and Wen et al. [34]. Under the assumption that the major-
ity of wall dislocations are of edge character, as outlined by Mugh-
rabi [48], we assign the value of the binding energy of H to wall
dislocations to be 0.115 eV, again an average of the values calcu-
lated by Angelo et al. [35] and Wen et al. [34].
Subsequently, we estimate diffusivity values by first presenting

the general form of the temperature dependence of diffusion,
written asD=D0exp(−HD/RT) whereD0 is the diffusion coefficient
and HD the activation energy for diffusion. For H in bulk nickel, D0

and HD were measured by Louthan et al. [49] as 7.0 × 10−7 m2/s
and 39.6 kJ/mol, respectively, with similar values being found by
other researchers [50]. The estimation of the parameters governing
H diffusion in a dislocation core is more difficult due to the lack of
data in the literature. However, based on preliminary embedded
atom method (EAM) calculations [51], the activation energy for
screw dislocation core diffusion was found to decrease on the
order of 1.6 relative to the lattice; edge dislocations would likely
result in even greater decreases for core diffusion. Pending more
accurate calculations, D0 and HD for pipe diffusion are set to be
7.0 × 10−7 m2/s and 24.7 kJ/mol, respectively. The diffusivity is
relatively sensitive to the value of HD due to the exponential depen-
dence, and the HD values described above are considered as charac-
teristic values. Any deviations in these values would be expected to
scale the flux components driven by the chemical potential gradient,
and the expected change in response can be guided by the discus-
sion related to Figs. 8 and 10.
The number of H atoms resident per trap depends on the type of

trap considered. Following Liang et al. [52], we consider an atmo-
sphere of H atoms trapped in the tensile region of the stress field
associated with a dislocation and assign the value of αT in Eq. (2)
to be 10 for both mobile and wall dislocation traps. With regard
to Va traps, Zheng et al. [53] suggests a value of six H atoms per
Va, with other researchers suggesting similar values [37,54]. We
consider these approximations to be appropriate for a mesoscopic
model.

2.7 H Transport Model Summary. Overall, the H transport
model partitions the H concentration into weakly trapped, mobile
(CHWD, CHMD) and strongly trapped, immobile H concentrations
(CHVa) according to H-trap binding energies. Subsequently, the par-
titioned H concentrations are used to calculate the quantities
required to solve the H transport continuity equation. The influence

Table 1 Transport mechanisms and proposed equations for the
H transport problem

Transport mechanism Proposed equation

Chemical potential gradient JL = −Deff∇(CL + CHWD)

Hydrostatic stress gradient Jσ =
Deff (CL + CHWD)VH

RT
∇σH

Mobile screw dislocation
sweeping/convection

JD=CHMDV
D

Edge dislocation pipe diffusion Deff =
CL

CM − CHMD
DL +

CHWD

CM − CHMD
DPD
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of each mechanism on the transport of H is outlined in Table 1. The
values used in the application of the model for nickel at 300 K are
outlined in Table 2.

3 Application of the Hydrogen Transport Model
3.1 Crystal Plasticity Model. Implementation of the H trans-

port model requires relatively detailed information at the length
scale of self-organized dislocation substructure, which is generally
somewhat below the spacing of integration points in the corre-
sponding finite element model. The MS-CP model developed by
Castelluccio and McDowell [55] is used to couple stress and defor-
mation with H transport in single crystals. This model uses a mul-
tiplicative decomposition of the deformation gradient and a
Kocks-Argon-Ashby thermal-activation type flow rule [47]. The
model incorporates microscale and mesoscale mechanims and is
informed by bottom-up simulations and lower length scale as well
as laboratory specimen-scale experiments. This model is ideal for
use with the proposed mesoscopic H transport framework because
it explicitly models the evolution of defect densities and dislocation
substructure while simultaneously limiting phenomenological
approximations, improving its capabilities to predict transient pro-
cesses near notches and crack tips.
The crystal plasticity model was calibrated to experimental data

from a nickel single crystal loaded along the <−167> direction to
7% strain [56], as shown in Fig. 2. Full constitutive modeling and
parameterization details for the MS-CP model appear in the paper

devoted to the development of the model [55], and a brief overview
of constitutive details is provided in the Appendix.
While the MS-CP model describes the evolution of both dislo-

cation density and substructure, the H transport model requires
estimation of the excess Va traps produced during plastic defor-
mation. To this end, we extend the MS-CP model to include
Va generation. Nonequilibrium Va concentrations significantly
higher than typical equilibrium lattice concentrations are often
observed in metals at high plastic strains. Production of large
numbers of Va is believed to be associated with the activity of
dislocations [57,58], which are then stabilized by H [46], acting
to lower the Va formation energy. One particular model ascribes
the production of excess Va to dislocation activity via persistent
slip bands (PSBs), based on a previously developed dislocation
bowing and passing model [59–61]. In a PSB, planar dislocation
rich walls are separated by dislocation sparse channels. Under an
applied stress, dislocation loops may bow out from the walls into
the channels. The loops can cross the channel completely, with
the leading-edge segment being absorbed into the adjacent wall,
leaving behind two screw segments spanning the channel. Alter-
natively, if two opposite sign loops come within some annihila-
tion distance of each other, the leading-edge segments will
annihilate, forming a row of point defects. This process will
leave behind two jogged screw segments spanning the channels.
These segments can then move away from each other, leaving
behind a line of point defects created by the nonconservative
dragging of the jogs.
Polák and Sauzay [58] proposed a model for the balance of Va

concentration in PSBs. In their model they take the Va production
rate to be independent of the current Va concentration and the Va
annihilation rate to be a linear function of the current Va concentra-
tion, i.e., ∂CVa/∂N= p−ACVa, where p is the production rate param-
eter, A is the annihilation parameter, CVa is the Va concentration,
and N is the cycle number. They then calculate the Va concentration
as CVa= p/A(1− exp(−AN)).
While this approach is appealing in its simplicity, the production

and annihilation parameters are unclear. In the following, we
propose a model in the spirit of the work of Polák and Sauzay
[58], but directly account for the statistics of the dislocation bow
out processes.
To more clearly define the Va production term, we consider the

statistics of dislocation bow out and annihilation processes. Follow-
ing the approach of Davoudi and Vlassak [62], we consider a col-
lection of sources with their activation strengths being normally
distributed. If the probability density for the source strength, Ψα,
obeys a normal distribution, then the cumulative distribution func-
tion on slip system α is given by

Ψα =
1
2

1 + erf
τα − �τ��

2
√

σ

[ ]{ }
(7)

Table 2 H transport model parameters for nickel

Property Symbol Ni

Dislocation trap number NHWD, NHMD

��
3

√
ρT/a

Lattice site number NL 1/VM

Lattice parameter a 0.352 nm
Binding energy to mobile dislocations EHMD 0.07 eV
Binding energy to wall dislocations EHWD 0.115 eV
Binding energy to Va EHVa 0.44 eV
Lattice diffusivity (300 K) DL 9.27 × 10−14 m2/s
Dislocation core diffusivity (300 K) DPD 3.50 × 10−11 m2/s
Sites per dislocation trap αHWD, αHMD 10
Sites per Va trap αHVa 6
Sites per host atom β 1
Partial molar volume of H VH 2 × 10−6 m3/mol
Molar volume of host lattice VM 6.59 × 10−6 m3/mol

Fig. 2 Stress–strain curve comparison between models and
experiments [56] for a nickel single crystal loaded in uniaxial
tension along the <−167> direction at a strain rate of 9 ×
10−5 s−1 at 300 K
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Here, �τ is the average activation stress, τα the slip system resolved
shear stress, and σ the standard deviation of the activation stress.
The density of activated sources can then be estimated assuming
single slip as

ραact = ρ0Ψα (8)

where ρ0 is the total source density. The source activation rate ρ̇α+
can then be written as

ρ̇α+ = ρ̇αact
�vα

ls
(9)

where ls is the distance a loop must travel from a source before that
source can emit another loop and �vα is the average dislocation velo-
city, obtained on each slip system from Orowan’s equation, i.e.,
γ̇α = ραb�vα. Assuming the sources are spatially distributed accord-
ing to a uniform random distribution, the probability of two loops
annihilating in the channel can then be written as

pαann = Cny
edge
s (ρα+)

2 (10)

where Cn is a normalization factor related to material density with
units of m3 and yedges is the annihilation distance for an emitted dis-
location. Finally, the rate of Va concentration production is given
by

Ċ
α
Va+ =Φannp

α
ann (11)

with Φann an estimate of annihilation efficiency. As is observed in
experiments, CVa eventually saturates, requiring consideration of
Va annihilation [63,64]. Therefore, we require a balance of Va pro-
duction and annihilation, i.e.

Ċ
α
Va = Ċ

α
Va+ − Ċ

α
Va− (12)

As a simple first-order approximation, we adopt the approach of
Polak and Sauzay [58], where Ċ

α
Va− = ACα

Va, with A being an adjust-
able model parameter. Overall, this model provides an estimate of
CVa for use in the MS-CP model.
The Va production model uses input information about the local

state from the MS-CP model, e.g., τα, γ̇α, and ρα. The source density
is taken to be a value smaller than the initial dislocation density in
the walls, and the critical bow out length is estimated from experi-
mental results and simulations [65]. The value of A was motivated
based on the experimentally observed saturation of the vacancy
concentration [58] and was chosen based on parametric studies to
generate reasonable vacancy concentrations. The source parameter
σ is more difficult to obtain, as measurements do not exist. Further,
discrete dislocation dynamics calculations which could potentially
assess the source properties require prohibitively large dislocation
densities. Due to these limitations, we consider choices for the
source parameters as approximations and choose values consistent
with Ref. [62]. The remaining model parameters are consistent to
first order with values in similar work [58,62]. The parameters in
this section are relevant for 300 K and are presented in Table 3.

3.2 Finite Element Model. The H transport and extended
MS-CP models were implemented in the finite element software
ABAQUS [66] through the user coding of the subroutines
UMATHT and UMAT, respectively. Gobbi et al. [67] provide a
detailed description of using the heat transfer user subroutine
UMATHT in the solution of mass diffusion problems. ABAQUS

uses these two user subroutines to simultaneously solve the

coupled chemo-mechanical initial-boundary value problem as out-
lined in Fig. 3, which shows the logic for a single incremental
step in the simulation.
The finite element model mesh was developed to represent a

mesoscopic, blunt crack tip under generalized plane strain condi-
tions. To maintain computational efficiency for the
resource-intensive MS-CP crack tip problem, the mesh uses
ABAQUS C3D8RT elements coupled with varying mesh density.
These elements are eight-node thermally coupled bricks with
reduced integration and hourglass control. Furthermore, the mesh
is separated into near-field and far-field domains, with the MS-CP
model applied to the near-field and a J2 plasticity model represent-
ing macroscopic material behavior in the far-field. The mesh
domain decomposition is shown in Fig. 4(a), where CR is the
crack tip radius. The boundary between the two domains, set as
150CR, was chosen to ensure the majority of intense plastic defor-
mation remained in the MS-CP model domain. The J2 mechanical
response assumed simple linear elastic-plastic behavior described
by an elastic modulus of 205 GPa, a post-yield tangent modulus
of 800 MPa, and a yield stress of 100 MPa, appropriate for annealed
nickel at room temperature. The H transport behavior of the J2
model assumed isotropic diffusion described using the lattice diffu-
sivity for nickel in Table 2. Here, we note that the simple J2 model
described above is adequate because the J2 model domain is suffi-
ciently distant from the crack tip and does not experience substantial
plastic deformation. Consequently, dislocation-mediated H trans-
port mechanisms are insignificant. The mesh density at the crack
tip is shown in Fig. 4(b). It should be noted that the full domain
shown in Fig. 4 is necessary since the MS-CP model exhibits
both elastic and plastic anisotropy.

Fig. 3 Overview of coupled mechanical and H transport
problem

Table 3 Va concentration evolution parameters for nickel

�τ σ ρ0 ls Cn Φann A

100 MPa 20 MPa 1010 source/m2 5 × 10−9 m 4b3 m3 1000 0.1

Fig. 4 (a) Domain decomposition into MS-CP and J2 regions
with radii of 150CR and 850CR, respectively and (b) mesh used
near the crack tip with the measurement location for subsequent
plots marked by the thick black line.
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The initial-boundary value problem consists of the simultaneous
solution of the coupled mechanical and chemical initial-boundary
conditions. The mechanical boundary condition uses a Mode I
K-field applied as a time-dependent boundary condition at the
outer boundary of Fig. 4(a), corresponding to the Irwin singular
elastic field for plane strain conditions at a crack tip [68]. The appli-
cability of using crack tip boundary conditions with initially blunted
cracks was determined for each load tested by ensuring the initial
crack radius fell below the blunted crack tip radius predicted by
linear elastic fracture mechanics [69]. For all simulations except
for the notch acuity study, a crack tip radius of 8 μm is assumed,
and the crack length is assumed to greatly exceed the crack tip
radius. Lastly, all simulations are performed at 300 K.
The crack is oriented with respect to the FCC lattice such that the

crack plane is (001) and the crack front aligns with the [1�10] direc-
tion. This corresponds to the crack plane being parallel to an FCC
unit cell face and the crack tip lying along an FCC unit cell face
diagonal, as shown in Fig. 5.
The chemical problem prescribes a constant H concentration C0

of 1.24 mol/m3 (8.17 × 10−6 dimensionless concentration) at the
crack surface, corresponding to the surface material being in equi-
librium with H2 gas at 1 atm [49,70]. The material is H-free initially,
facilitating solution of a transient transport problem. The boundary
conditions are representative of pressurized H containment vessels
assuming rapid equilibration of the surface H with gaseous H.
The combination of a constant H concentration at the crack

surface, relatively low diffusion coefficients in FCC crystals, and
a sufficiently large domain size preclude a focus on steady-state

solutions. Furthermore, the crystal orientation dependence of the
MS-CP model increases the complexity of simulating and interpret-
ing H transport and trapping. Accordingly, analyses will concen-
trate on the heterogeneity of fields and parametric comparisons
pertaining to the transient solution. To assist in the analysis,
many figures (i.e., Figs. 6, 7, and 11) plot the variable of interest
around the crack tip along a semi-circular curve to capture spatial
heterogeneity. In these plots, the x-axis corresponds to the thick
black line in Fig. 4(b) where the axis is normalized so that 1, 0,
and −1 correspond to the top, tip, and bottom of the initially semi-
circular, blunted crack tip. The x-axis normalization is used instead
of angles to prevent confusion with measurements regarding slip
system activity with respect to the crack plane. The chosen extrac-
tion location is taken as a characteristic example of behavior man-
ifested in the crack tip region of intense plasticity and note that the
trends observed at this location are representative of behavior
throughout the crack tip region. Furthermore, when “averaged”
results are referenced, the average is taken with respect to values
extracted along this curve. Overall, we consider variation of
coupled fields around the periphery of the crack tip as opposed to
the radial distance, focusing on the orientation dependence of
fields arising from elastic and plastic crystal anisotropies.

4 Results
4.1 Hydrogen Transport and Trapping. The coupling

between H transport and trapping is key to the proposed model.
As shown by Sofronis and McMeeking [17], the presence of traps
lowers the “effective” or so-called “observed” diffusivity of H,
Dobs. Note that this “observed” diffusivity, derived mathematically
from the H transport formulation, differs from the effective diffusiv-
ity that incorporates pipe diffusion presented in Eq. (6). The deriva-
tion of Dobs, previously reported in literature [17,24], makes clear
the role of strong H traps in decreasing the rate of H diffusion, i.e.

Dobs

D
=

CL

CL + CT (1 − θT )
for θL ≪ 1 (13)

whereD is the diffusivity of mobile H, θT is the fraction of occupied
immobilizing traps, and θL is the fraction of occupied lattice sites.
For the current model,D=Deff, CT=CHVa, and θT= θHVa. Equation
(13) shows that the H diffusion rate is lowest when all traps are
empty and highest when all traps are filled. In other words, empty
H traps serve as sinks for mobile H that lowers the observed diffu-
sivity. Therefore, the transient distribution of H depends on the pro-
duction of Va traps as well as the ability of mobile H to move to
those traps.
The production of strain-generated Va depends on the activity of

dislocation-mediated slip. As such, the Va trap distribution ahead of

Fig. 5 Crack orientation with respect to the FCC unit cell

Fig. 6 (a) Dimensionless CVa and (b) dislocation density on the four FCC slip plane families at final mode I stress intensity
factor of 20 MPa-m1/2. Abscissa in both plots corresponds to thick black line demarcated in Fig. 4(b).
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the crack tip is expected to depend on the orientation of the crack
plane and crack front relative to the crystal. Va generation was
studied by loading the crack to a stress intensity factor of
20 MPa-m1/2 over 200 s, after which CVa was extracted around
the crack tip, as shown in Fig. 6(a). In this plot, CVa is separated
into four curves based on the FCC slip plane activity that generated
the Va: (111), (1�1�1), (�1�11), or (�11�1). From inspection of Fig. 6(a),
the slip planes that dominate the Va production are (111) and (�1�11).
The slip system activity agrees with the results of Rice [71], who
showed the primary active slip systems in the prescribed crack ori-
entation belong to the (111) and (�1�11) slip planes, shown in Fig. 5.
Furthermore, while the results in Fig. 6 pertain to a fixed radial dis-
tance from the blunt crack tip surface, the Va field contours extend
into the material at angles of approximately 55 deg from the crack
plane, closely matching the theoretical 54.7 deg angle expected
from the orientation of the (111) and (�1�11) slip planes.
The same dislocation slip activity responsible for the production

of Va is also expected to enhance H transport. The dislocation
density around the crack tip is shown in Fig. 6(b). Similar to CVa

in Fig. 6(a), the largest dislocation density is achieved along the
(111) and (�1�11) slip planes. However, unlike CVa, the dislocation
density experiences a more uniform distribution around the crack
tip. The more uniform dislocation density about the crack tip is pri-
marily due to intense regions of localized slip promoting cross slip
to less active slip systems [72]. This phenomenon, while influencing
the dislocation density, does little to increase CVa as the intense slip
system shearing rates remain localized on the (111) and (�1�11) slip
planes. A shift will be expected upon dislocation source saturation
or sufficient forest dislocation entanglements.
Figure 6 shows the distribution of Va and dislocations ahead of a

crack tip, hypothesized to influence the distribution of H due to trap-
ping and transport, respectively. While the values shown in Fig. 6
are for a specific crack tip load, the trends are consistent throughout
the simulation. As a final note, the Va concentrations shown in
Fig. 6 are of the same order of magnitude as those computed
using large-scale molecular dynamics simulations in iron [39] and
are consistent with observations related to hydrogen enhanced
strain induced vacancy generation [15,16].
The same loading used to generate the point and line defects

shown in Fig. 6 was used to investigate the competition between
H transport and trapping. The normalized mobile H concentration,
CM/C0, around the crack tip is plotted in Fig. 7. For the simulations
shown in this plot, the Va production was suppressed entirely (No
CVa), allowed to evolve according to the proposed model (Parame-
terized CVa), and artificially elevated by a factor of 10 (High CVa).
Furthermore, the locations of maximum and minimum CHVa and
maximum dislocation density ρ from Fig. 6 are plotted on the
CM/C0 curves to assist in the analysis.

In accordance with Eq. (13), increasing levels of Va production
limit the amount of mobile H available for transport. The dotted
curve, corresponding to the elevated Va production case, has appre-
ciably lower CM compared with the other cases. Conversely, sup-
pressing the Va trap production entirely produces the dashed line
which exhibits the largest CM available for transport. This observa-
tion highlights the role that Va traps play in decreasing CM.
Superimposing the maximum and minimum values of the inter-

nal defect populations shown in Fig. 6 on the mobile H curves in
Fig. 7 highlights a shift in dominant mechanism upon varying
defect population intensities. We start by examining the two Va pro-
duction extremes: no Va production and artificially enhanced Va
production. The dashed curve, corresponding to no production of
Va, is dominated by dislocation-mediated transport mechanisms
as evidenced by the maximum mobile H concentration coinciding
with ρmax (diamond marker). The combined effect of high shearing
rates and large dislocation densities enhance the transport of H on
active slip planes. In short, the increase in effective diffusivity
due to pipe diffusion and the additional flux due to sweeping of
H by dislocations are most evident in the absence of Va traps.
Examination of the other extreme, that of high Va production,

shows altogether different results. The dotted curve, corresponding
to high Va production, is dominated by strain-generated trapping
behavior as evidenced by the maximum CM coinciding with Cmin

HVa
(circle marker). In other words, the absence of Va traps produces
a relative increase in CM. Furthermore, the dotted curve has a
local minimum and maximum corresponding to Cmax

HVa (triangle
marker) and ρmax (diamond marker), respectively. Here, the slight
increase in CM (diamond marker) is due to the additional
dislocation-mediated transport mechanisms mitigating the effect
of the strong Va traps in the same localized area (triangle marker).
Understanding the two extremes of Va production guides the

interpretation of the dot-dashed curve in Fig. 7, corresponding to
the parameterized Va production model. Here, the distribution of
CM is not dominated by either transport or trapping, but rather a
competition between the two. The local maxima of the dot-dashed
curve closely aligns with the locations of ρmax (diamond marker)
and Cmin

HVa (circle marker), previously shown to enable H transport.
On the other hand, the local minima of the dot-dashed curve
closely aligns with Cmax

HVa (triangle marker), previously shown to
suppress H transport. The overarching takeaway from the result
shown in Fig. 7 is the competition between transport and trapping
in the transient distribution of CM ahead of the crack tip. The
increased mobility of H due to the dislocation-mediated pipe diffu-
sion and dislocation sweeping mechanisms is offset by the produc-
tion of strain-generated Va. The solution provides valuable insight
into the relationship between various model components, pertinent
in the analysis of later results.

Fig. 7 CM/C0 distributions for varying Va defect concentrations. Abscissa corresponds to thick
black line demarcated in Fig. 4(b).
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The result in Fig. 7 shows a snapshot of the transient solution, but
the trends are consistent throughout the loading. Deviations from
these trends are expected upon adequate slip system hardening
and CHVa saturation. With regard to strain hardening, the most
active slip systems undergo localized hardening due to forest dislo-
cation entanglements and dislocation source exhaustion, triggering
secondary slip systems activation [73,74]. The defect concentra-
tions will evolve to accommodate the newly activated slip planes
and ultimately influence the distribution of H ahead of the crack
tip. In accordance with experiments, CVa is expected to saturate
[63,64]. Once Va production has ceased, the transport-suppressing
Va sinks are expected to saturate, restoring the ability of H to be
transported further from the crack tip. With enough time, the distri-
bution is expected to approach that of the dashed line in Fig. 7, cor-
responding to no Va traps, or equivalently, completely saturated
H-Va complexes. Depending on the mechanism of hydrogen
embrittlement suspected to be active, however, the defect concen-
tration of interest may shift from CM to CHVa. In this regard,
while the CM distributions may be identical upon sufficient time
for diffusion, the CHVa distributions created during the transient
solution remains vastly different between the two scenarios.
As a final exploration of the H transport and trapping model, the

time-dependent aspects were investigated. For this purpose, the
crack was loaded to 20 MPa-m1/2 over 200 s, after which the load
was held constant for 200 additional seconds. This loading history
results in the cessation of meaningful dislocation and Va generation
once the load is held constant and remnant viscoplastic effects termi-
nate. To facilitate study of the dominant transport mechanisms, the
average contribution of each flux component magnitude about the
crack tip is plotted as a function of simulation time in Fig. 8(a). In
this case, the “average contribution” refers to the average flux mag-
nitude measured at the location demarcated by the thick black line in
Fig. 4(b). As a measure of the spatial heterogeneity of the flux terms,
the standard deviation of each flux component magnitude about the
crack tip is plotted as a function of simulation time in Fig. 8(b).
Similar to the average contribution, the standard deviation refers to
the standard deviation of the flux components measured at the loca-
tion demarcated by the thick black line in Fig. 4(b).
Considering Fig. 8(a), the lattice and dislocation flux components

dominate during the loading portion of the simulation, i.e., 0–200 s.
This is consistent with the results of Sun et al. [75], who experimen-
tally determined that the effect of hydrostatic stress gradient driven
flux, Jσ , is less important in the presence of straining. All three flux
components are dependent on the applied load level and increase
accordingly with dislocation generation and substructure develop-
ment during loading. Once the load is held constant, however, sig-
nificant dislocation emission from the crack tip ceases and the flux
component due to dislocation sweeping, JD, drops to zero as
expected. While dislocation emission from the crack tip effectively
stops, the dislocation substructure developed over the loading

regime remains. In other words, while JD becomes inconsequential,
the contribution of pipe diffusion through an enhanced diffusivity,
Deff, is still active. Note the relatively constant magnitudes of Jσ and
JL once loading has ceased. The slight decrease in JL when the load
is held constant is due to decreasing driving force for lattice diffu-
sion as H continues to diffuse ahead of the crack tip. If the load was
held longer, the H concentration gradient would continue to
decrease and Jσ would begin to dominate, creating a relative
increase in the concentration of mobile H at the location of
maximum hydrostatic stress as previously demonstrated [17,24].
Figure 8(b) shows the standard deviation of the flux component

magnitudes about the crack tip. The standard deviation is plotted
as a measure of spatial heterogeneity, i.e., a higher standard devia-
tion corresponds to more localized flux activity. As can be seen, JD
clearly exhibits the most intense local activity when compared with
either Jσ or JL. While all flux components depend on dislocation
activity, JD also has a functional dependence on the slip system
shearing rates, which remain highly localized on the (111) and
(�1�11) slip planes, increasing the heterogeneity of JD during
loading. Conversely, Jσ and JL depend on the dislocation sub-
structure density and associated pipe diffusion. As previously
mentioned, the cross slip ahead of the crack results in more homog-
enous dislocation density evolution and subsequent dislocation sub-
structure development about the crack tip. The overall takeaway
from Fig. 8(b) is the increasing spatial heterogeneity of H flux in
the loading regime and the subsequent return to more homogenous
H flux upon cessation of loading.
The total H distribution is driven by heterogeneity in both trans-

port and trapping mechanisms. The results in Fig. 8, pertaining to H
transport, provide insight into the differences between the proposed
H transport model and classical formulations like those of Sofronis
and McMeeking [17]. The results of Sofronis and McMeeking [17]
suggest that lattice H preferentially segregates to the location of
maximum hydrostatic stress with H being substantially trapped at
regions of high plastic strain. Indeed, a similar result is achieved
with the current model if dislocation-mediated transport is sup-
pressed and crystal orientation accounted for. Introduction of both
dislocation-mediated transport and Va-mediated trapping increase
the spatial heterogeneity of the resulting H distribution compared
with the results of Sofronis and McMeeking [17] as shown by the
large standard deviation of the dislocation flux component shown
in Fig. 8(b) (transport) and the CVa distribution (trapping) shown
in Fig. 6(a). As suggested by the experimental results of Sun
et al. [75], capturing the enhanced spatial heterogeneity of H distri-
butions associated with crystallographic orientation becomes essen-
tial at sufficiently small length scales.

4.2 Loading Rate Effects. The viscoplastic nature of the
crystal plasticity model is able to capture strain rate dependent

Fig. 8 (a) Average flux components and (b) standard deviation of flux components as a function of time. Loading occurs from
0 to 200 s up to the maximum mode I stress intensity factor of 20 MPa-m1/2. Load held constant from 200 to 400 s.
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material behavior, and H transport and trapping behavior has also
been shown to be dependent on strain rate [76]. To investigate
the influence of load rate, the crack tip was loaded to a stress inten-
sity factor of 20 MPa-m1/2 over a range of times corresponding to
loading rates of 0.08, 0.13, and 0.4 MPa-m1/2/s. Decreased
loading rates clearly result in longer loading times, and while
longer loading times naturally result in more time for diffusion to
occur, important observations can still be made.
Va produced via the annihilation of dislocation loops bowing out

from dislocation dense walls [58] depend on the slip system shear-
ing rates, accumulation of dislocation emission sites, and buildup of
Va over time. The functional dependence of the Va production
model on both slip system shearing rates and the evolution of
loop emission sites creates a competition between the load rate
and the overall time elapsed, as seen in Fig. 9(a). In this plot, CVa

ahead of the crack tip is plotted as a function of simulation time
for the three loading rates. The curves end at different points
because the faster loading rates achieve the maximum load of
20 MPa-m1/2 quicker. As can be seen, the maximum CVa is obtained
for a loading rate of 0.13 MPa-m1/2/s. While faster loading
rates correspond to increased slip system shearing rates and high
rates of Va generation, there is not sufficient time to accumulate
the loop emission sites or Va required to match the CVa produced
at 0.13 MPa-m1/2/s. Below the 0.13 MPa-m1/2/s loading rate,
however, the slip system shearing rates are not adequate to produce
appreciable dislocation emission despite the longer overall time
required to achieve the maximum load.
As discussed in Sec. 4.1 and demonstrated in Fig. 7, Va provide a

saturable trap for mobile H, ultimately limiting H transport. Based
solely on Fig. 9(a), the loading rate of 0.13 MPa-m1/2/s would be

expected to demonstrate the least intense mobile H concentration
ahead of the crack tip due to the elevatedVa concentration generated.
The time-dependent nature of diffusion, however,mitigates the effect
of the enhanced Va production as more H is able to diffuse to and
saturate Va traps. The average observed diffusivity, as defined in
Eq. (13), is shown in Fig. 9(b). Here, Dobs is plotted as a function
of simulation time for the different loading rates. The decrease in
Dobswith increasing strain rate aligns with previous thinking regard-
ing the strain rate dependence of H transport and trapping [26]. From
this plot, it can be seen that despite generating the highest Va concen-
tration, the loading rate of 0.13 MPa-m1/2/s does still offer a relatively
favorable environment for further H transport.
The dislocation-mediated transport mechanisms assisting H

transport are influenced by loading rate. The flux of mobile disloca-
tions that sweep H is directly linked to slip system shearing rates
through Orowan’s equation. Furthermore, the increased loading
rate will enhance dislocation activity and subsequent development
of dislocation substructure that increase the effective diffusivity
via pipe diffusion. The average magnitudes of the dominant flux
components, JD and JL, are plotted in Fig. 10 as a function of simu-
lation time for the three loading rates. The magnitude and rate of
both JD and JL increase with higher loading rates, consistent with
the higher levels of dislocation flux and dislocation density.
The results shown in Figs. 9 and 10 demonstrate the strain rate

dependence of the coupled model. The overall manifestation of
these dependencies in the transient solution of the H transport
model results in the CM/C0 distributions around the crack tip
shown in Fig. 11(a). In this plot, CM/C0 is plotted for a range of
loading rates at the maximum load of 20 MPa-m1/2. Here, higher
loading rates are represented by darker curves.

Fig. 9 (a) Dimensionless CVa and (b) Dobs ahead of the crack tip as a function of simulation time until the maximum applied
stress intensity factor of 20 MPa-m1/2 is reached

Fig. 10 (a) Average magnitude of dislocation flux JD and (b) average lattice flux JL magnitude ahead of the crack tip evolv-
ing as a function of simulation time to the maximum load of 20 MPa-m1/2
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As seen in Fig. 11(a), higher loading rates result in more hetero-
geneous H distributions. At higher loading rates, the curve shape
approaches that of the high Va production case shown in Fig. 7.
As discussed, the distribution in this case is dominated by the dis-
tribution of Va. The increased heterogeneity is due to the
two-fold influence of increased Va production at faster loading
rates and the decreased time available for mobile H to diffuse to
and saturate the Va traps. Conversely, the trends of the slower
loading rate curves approach that of the suppressed Va production
case shown in Fig. 7. The distribution of H in this case is dominated
by the distribution of transport enhancing dislocation populations.
Overall, the strain rate sensitivity of the transport and trapping

model manifests itself through a transition in dominant mechanism
from transport-dominated at low strain rates to trapping-dominated
at high strain rates. While this transition seems to occur monotoni-
cally with loading rate, the defect distributions ahead of the crack tip
demonstrate more complicated behavior. The competition between
higher loading rates (producing high Va concentrations) and the
time required for H to diffuse to those Va traps produces rather non-
intuitive evolution of fields. If one assumes a hydrogen embrittle-
ment mechanism similar to the hydrogen enhanced strain induced
vacancy mechanism, the H concentration of interest shifts from
CM to CHVa. For the range of loading rates considered, the
maximum average CHVa is observed at the intermediate load rate
of 0.13 MPa-m1/2/s, as seen in Fig. 11(b). The complex trapping

behavior as a result of varying the strain rate highlights the nonin-
tuitive, complex nature of H transport and trapping in the presence
of strain-generated traps. This provides some insight into why the
spatial distribution of H concentration is difficult to estimate
without using coupled approaches.

4.3 Notch Severity. Crack blunting occurs in ductile materials
in order to relieve the stress concentration experienced at the crack
tip [69]. Regardless of the active crack propagation mechanism(s),
e.g., void coalescence or cleavage through work hardened material,
the crack will experience variations in acuity as it propagates in the
material [77]. For void coalescence, the eventual linking of voids
generated via internal necking results in a crack increment with
more intense notch acuity [78]. For cleavage, dislocation emission
exhaustion results in crack advances upon sufficient crack tip blunt-
ing, resulting in a sharp crack [79,80]. Overall, the variation in crack
tip acuity throughout a crack growth process is expected to change
and influence the transport and trapping of H.
The influence of notch acuity on the transport and trapping of H

was studied by loading the crack to 40 MPa-m1/2 over 200 s for a
range of notch root radius: 8, 18, 28, and 38 μm. The applicability
of Irwin’s singular elastic field for plane strain conditions at a sharp
crack tip decreases with increasing crack radii, and, to ensure valid-
ity, the notch root radii were chosen to fall below the blunted crack

Fig. 12 (a) Total H flux magnitude and (b) normalized CHVa as a function of distance away from the crack tip along the (111)
slip plane

Fig. 11 (a) CM/C0 as a function of distance around the crack tip and loading rate to the maximum stress intensity factor of
20 MPa-m1/2 and (b) CHVa/C0 as a function of loading rate at 20 MPa-m1/2. Abscissa in (a) corresponds to thick black line
demarcated in Fig. 4(b).
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tip radius predicted by linear elastic fracture mechanics (40 μm).
Furthermore, the mesh density and overall domain size were
scaled with notch root radii. While the same loading was applied
to each crack radius, the volume available to accommodate plastic
deformation decreases, ultimately resulting in H transport and trap-
ping behavior variation. The variation in response due to various
crack radii can be considered to be an analog to the variation in
response due to crack tip blunting and the associated change in
mechanical response.
The influence of notch blunting was investigated by comparing

behavior localization. Characteristic model parameters capturing H
transport and trapping behavior as a function of distance away
from the crack tip along the (111) slip plane are shown in Fig. 12.
While the results shown in Fig. 12 pertain to the (111) slip plane,
the same trends are demonstrated around the crack tip, albeit to a
lesser extent due to the relative inactivity of the slip planes at those
locations. The trends exhibited in Fig. 12 reveal that for both the
total H flux magnitude and normalized CHVa, “sharper” cracks
result in more intense localization. Considering this to capture trans-
port and trapping behavior, respectively, sharper cracks can be con-
sidered to localize H transport and trapping behavior. The results in
Fig. 12 suggest that the ability of the crack tip to blunt during defor-
mationwouldmitigate the accumulation of defects ahead of the crack
tip. Depending on the hydrogen embrittlement mechanisms assumed
to be active, this could have real consequences for the propagation of
the crack in the material.

5 Discussion and Conclusions
Specific characteristics of the proposed H transport and trapping

model have been explored, i.e., the competition between H transport
and trapping in highly strained regions, the influence of load rate on
the model, and the localization behavior associated with blunted
cracks of various radii. The results presented provide insights into
how this model can be used to support exploration of hydrogen
embrittlement. The coupling of the H transport and trapping and
MS-CP material models enables the exploration of orientation
dependent behavior. While the results presented here were limited
to a symmetric crystal orientation relative to the crack plane and
crack front, the alignment of transport and trapping behavior with
active slip planes demonstrates the ability of the model to capture
heterogeneous behavior. When compared with classic approaches,
such as J2 plasticity approaches, the proposed model enhances pre-
dictive capability by modeling the heterogeneity of both H transport
and trapping. In the current model, the transient distribution of
lattice H and steady-state distribution of trapped H is dependent
on slip system behavior and associated plastic strain heterogeneity.
The dependence of most proposed H embrittlement mechanisms on
H-related defect concentrations implies that capturing the influence
of crystallographic orientation is highly relevant to modeling H
embrittlement.
This study has proposed a more complete H transport model that

extends previous formulations [17,24] to include dislocation-
mediated transport and various modes of trapping of H. The
model was exercised on a mesoscopic crack tip under a variety of
load scenarios, exhibiting appreciable sensitivity to variations in
loading rate and severity of the crack tip radius. Near the tip of a
blunted crack, the proposed H transport model has been found to
produce

• distributions of Va traps that depend on slip system activity
and loading schedule,

• distributions of both mobile and trapped H that depend on slip
system activity and loading schedule,

• a competition between trapping- and transport-dominated H
distributions, and

• descriptions of point and line defect concentrations in the
material that facilitate exploration of a range of previously pro-
posed hydrogen embrittlement mechanisms.

In particular, the results presented here point to the importance of
accounting for the enhanced trapping and transport of H via
dislocation-mediated mechanisms. The defect concentrations gener-
ated ahead of the crack tip are expected to localize deformation
behavior and cause a self-sustaining cycle of defect generation
and strain localization. Overall, the distributions of H and associated
defect concentrations near the crack tip are difficult to probe exper-
imentally, and the proposed H transport model provides a computa-
tional pathway for exploring the wide variety of H embrittlement
mechanisms proposed in literature.
While the results presented pertain to monotonic loading, some

preliminary observations can be made regarding model response
under cyclic loading of the cracked body. The enhanced trapping
and transport formulations depend on sustained plastic flow in
order to generate dislocations and vacancies. At the tip of a crack,
the cyclic plastic strains can be quite significant, giving rise to an
important role for vacancy generation due to dislocation-dislocation
interactions and dislocation-enhanced H transport. Future work will
address these aspects.
Mechanical constitutive equations with a functional dependence

on the concentration of H-related defects are expected to further
influence the transport and transport behavior of H in the material.
Modification of the MS-CP model in the context of H embrittlement
has been briefly explored before by Castelluccio et al. [81]. In that
work, the modification of the constitutive model resulted in an
increased initial yield strength followed by a region of decreased
work hardening when compared with the H-free model. It is diffi-
cult to know a priori how this coupling will change transport and
trapping behavior because of the complicated interplay between
the transport model and slip behavior. Regardless, the exploration
of model forms presented here will guide the interpretation of
model results when the mechanical constitutive equations include
full dependence on H-related point and line defect concentrations,
a focus of future work.
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Appendix
A brief description of the MS-CP model is included here for com-

pleteness. For complete details on the model, please refer to
Ref. [55]. The flow rule describing the shearing rate of dislocations
on slip system α follows a Kocks-Argon-Ashby type relation [47],
i.e.

γ̇α = ραm�lbvGexp
−ΔG(ταeff )

kBT

( )
sgn(τα − Bα) (A1)

where ραm is the density of mobile screw dislocations, �l is the mean
free path of a dislocation between obstacle bypass events, b is the
Burgers vector, and vG is an estimate of the attempt frequency.
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Furthermore,ΔG is the required energy to bypass short-range obsta-
cles, ταeff is the effective stress, τ

α is the local slip system resolved
shear stress, Bα is the directional intragranular back stress, kB is
the Boltzmann constant, and T is the absolute temperature. For face-
centered cubic crystals, α= 1, 2, …, 12 specifies each of the avail-
able octahedral slip systems.
Quantity ταeff is the effective stress that drives barrier bypass at the

slip system level and is given by ταeff = 〈|τα − Bα| − Sα〉. Here, Sα is
the nondirectional athermal threshold stress and 〈 〉 corresponds to
the Macaulay bracket notation, i.e., 〈g〉= 0 if g≤ 0 and 〈g〉= g oth-
erwise. The activation energy, ΔG, associated with dominant short-
range barriers to thermally assisted dislocation motion, is expressed
as

ΔG = F0 1 −
ταeff
s0t C44

C44@0K

⎡
⎢⎢⎢⎣

⎤
⎥⎥⎥⎦

p⎛
⎜⎜⎜⎝

⎞
⎟⎟⎟⎠

q

(A2)

where F0 is the activation energy, and p and q are profiling param-
eters. Parameter s0t is the athermal limit of thermal slip resistance at
0 K, and C44 and C44@0K are the shear modulus at temperature T
and 0 K, respectively. This relation must reflect the statistical distri-
bution of barriers at the mesoscale via F0 and profile parameters p
and q.
The threshold stress, Sα, accounts for the intrinsic lattice friction,

the stress required to bow out a dislocation, and the dislocation-
dislocation self-interactions that result from collinear dislocations
in pile-ups. The overall contribution of these three mechanisms
can be expressed additively as

Sα = Sα0 + αLE
μb

2dstruct
+ μb(Aiiρ

α
m)

1/2 (A3)

where αLE is a factor that depends on the dislocation line energy, μ
is the polycrystal-averaged shear modulus, Aii is the self-interaction
coefficient from the full latent hardening matrix, and dstruct is the
characteristic dimension of dislocation wall substructures. Intrinsic
lattice friction Sα0 is quite small for FCC systems, about 4 MPa in
this case, and is dominated by the short range barriers associated
with thermal slip resistance s0t .
The back stress accounts for the directional internal stress devel-

oped due to heterogeneity of plastic deformation within dislocation
substructures, ensuring the largely plastic strain in dislocation chan-
nels maintains compatibility with the largely elastic strain in dislo-
cation substructure walls. The back stress superimposes on the
applied resolved shear stress to form the effective directional over
stress. Assuming an Eshelby-type inclusion formulation [82], the

back stress rate can be expressed as

Ḃ
α
=

fw
1 − fw

2μ(1 − 2Sα1212)
1 + 4Sα1212μf

α
Hill

γ̇α (A4)

where f αHill is the instantaneous macroscopic plastic deformation
tangent, fw is the volume fraction of dislocation substructure
walls, and Sα1212 is a component of the Eshelby tensor component
[83].
Determination of the dislocation substructure parameters relies

on experimentally observed similitude characteristics. Following
previous works [84,85], the characteristic dislocation substructure
length scale is determined via

dstruct =
Kstructμb

max(|τα|) (A5)

where Kstruct is the constant of similitude and the max function in
the denominator returns the maximum slip system level resolved
shear stress in the volume of interest. The mean free path for dislo-
cation glide is evaluated as

�l ≈ lstruct = ηdstruct (A6)

where η is a parameter determining the aspect ratio of dislocation
substructures. For example, η= 1 corresponds to dislocation cells
while η= 50 corresponds to more elongated substructures such as
dislocation veins. For cyclic loading, η is determined by evaluating
cyclic plastic strain ranges. In the current study, where specific
focus is placed on monotonic loading, this value is assigned a cons-
tant value.
The last dislocation substructure parameter to be described is the

volume fraction of dislocation dense substructure walls. Here, a
phenomenological relationship is leveraged from prior work [86]
to define the dislocation substructure wall volume fraction, i.e.

fw = finf + ( f0 − finf )exp
−0.5γmax

gp

( )
(A7)

where finf, f0, and gp are constants that can be estimated by careful
substructure characterization using tools such as transmission elec-
tron microscopy. Lastly, γmax is the maximum shear strain over all
slip systems.
The mobile screw dislocation density evolution on slip system α

is a result of the competition between dislocation multiplication,
annihilation, and cross slip. Following prior work [87,88], the
overall expression for the dislocation density evolution can be

Table 4 Parameters related to the MS-CP model for Ni at room temperature

Direct parameters

vG b C11 C12 C44 C44@0K μ
1012 s−1 2.5 × 10−10 m 249 GPa 155 GPa 114 GPa 127.6 GPa 80.6 GPa

Parameters related to atomistic mechanisms

F0 s0t p q yedges yscrews S0 Aii αLE VCS
0 φcs

0.985 eV 100 MPa 0.9 1.5 3 nm 13 nm 4 MPa 0.1 1 103 b3 0.5

Parameters related to mesoscale dislocation structures

Kstruct kmulti finf f0 gp η
12 1 0.06 0.25 1.7 1

Reference initial values for Ni

ραm dstruct f w0
1010 m−2 10 μm 0.25
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written as

ρ̇αm = ρ̇αmult − ρ̇αannih + ρ̇cs|ζ�α − ρ̇cs|α�ζ (A8)

The multiplication rate is defined as

ρ̇αmult =
kmulti
blstruct

|γ̇α| (A9)

where kmulti is a constant that modulates the dislocation multiplica-
tion. The annihilation rate for monotonic loading is defined as

ρ̇αannih =
2yedges

b
ραm|γ̇α| (A10)

where yedges is the annihilation distance for edge dislocations. A
second annihilation term formulated by Castelluccio and McDowell
[55] to account for anelastic dislocation annihilation upon unload-
ing is dropped in Eq. (A10) as focused is placed on monotonic
loading.
The cross slip term follows a probabilistic formulation from pre-

vious work [89], but considers a local shear stress that accounts for
dislocation substructure shielding, i.e.

ρ̇αcs|α�ζ = vcsGφcsρ
α
mexp −Vcs

τIII − |τζ − Bζ|
kBT

( )
(A11)

ρ̇αcs|ζ�α = vcsGφcsρ
ζ
mexp −Vcs

τIII − |τα − Bα|
kBT

( )
(A12)

where vcsG , τIII, φcs, and Vcs are the characteristic cross slip fre-
quency, critical cross slip stress at the onset of stage III hardening,
cross slip efficiency, and cross slip activation volume, respectively.
Indices ζ and α denote collinear slip systems that permit cross slip.
The parameters used in the MS-CP model for Ni are provided in
Table 4 with full justification provided in Ref. [55].
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