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Additive manufacturing produces net-shaped components layer by layer for
engineering applications'”. The additive manufacture of metal alloys by laser powder
bed fusion (L-PBF) involves large temperature gradients and rapid cooling®®,

which enables microstructural refinement at the nanoscale to achieve high strength.
However, high-strength nanostructured alloys produced by laser additive
manufacturing often have limited ductility’. Here we use L-PBF to print dual-phase
nanolamellar high-entropy alloys (HEAs) of AICoCrFeNi,; that exhibit a combination
ofahighyield strength of about 1.3 gigapascals and alarge uniform elongation of about
14 per cent, which surpasses those of other state-of-the-art additively manufactured

metal alloys. The high yield strength stems from the strong strengthening effects of
the dual-phase structures that consist of alternating face-centred cubic and body-
centred cubic nanolamellae; the body-centred cubic nanolamellae exhibit higher
strengths and higher hardening rates than the face-centred cubic nanolamellae.
Thelarge tensile ductility arises owing to the high work-hardening capability of the
as-printed hierarchical microstructuresin the form of dual-phase nanolamellae
embedded in microscale eutectic colonies, which have nearly random orientations to
promote isotropic mechanical properties. The mechanistic insights into the
deformation behaviour of additively manufactured HEAs have broad implications for
the development of hierarchical, dual- and multi-phase, nanostructured alloys with
exceptional mechanical properties.

Additive manufacturing often produces microstructures with highly
heterogeneous grain geometries, subgrain dislocation structures and
chemical segregationin metallic materials, including steels*®, cobalt- or
nickel-based superalloys®®, aluminiumalloys?, titaniumalloys>*'° and
high-entropy alloys (HEAs)". Eutectic HEAs (EHEASs) represent a prom-
ising class of multi-principal-element alloys (also called composition-
ally complex alloys)'>* that can form a hierarchical microstructure of
dual-phase lamellar colonies and thus offer great potential for achiev-
ing excellent mechanical properties™. However, the thicknesses of
lamellae are usually in the range of micrometres or submicrometres by
conventionalsolidification routes, which limits the attainable strengths
of these EHEAs" ¢, By contrast, nanolayered and nanolamellar met-
als exhibit high strength but come at the expense of low ductility®,
These materials have been fabricated through thin-film deposition' or
severe plastic deformation'®?°, which usually results in highly textured
nanostructures with strong plastic anisotropy, limiting their practical
applications. Here we harness the extreme printing conditions of laser

powder bed fusion (L-PBF) and the favourable compositional effects of
HEAs to produce aunique type of far-from-equilibrium microstructure
inthe form of dual-phase nanolamellae embedded in eutectic colonies
inan AlCoCrFeNi,, EHEA (Fig. 1). This additively manufactured (AM)
EHEA demonstrates an excellent combination of strength and ductility
together with nearly isotropic mechanical behaviour.

Achieving arational control of the solidification microstructures
and defects in AM materials is challenging because of an intrinsically
large parameter space of laser processing’. Using the normalized
equivalent-energy-density method?, we identified an effective L-PBF
processing window to print fully dense AlICoCrFeNi,; EHEA samples
(Supplementary Section 1). By adjusting the laser power and scanspeed,
we were able to reduce the lamellar thicknesses to tens of nanome-
tres, as shownin the representative samples A and B (Supplementary
Section 1). Despite their microstructural similarity, we focused on
characterizing sample A with finer nanolamellae and used sample
B to demonstrate the tunability of the nanolamellar structures and
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Fig.1|Microstructure of AM AlCoCrFeNi, EHEA. a, Printed heatsink fan,
octet lattice (strut size of about 300 pum) and gear (from left to right).

b, Three-dimensional reconstructed optical micrographs of as-printed
AlCoCrFeNi,, EHEA. Theinterlayer boundary, melt pool boundaries and laser
scantracksareillustrated by the blueline, orange lines and red arrows,
respectively. The build direction (BD) is vertical. ¢, A cross-sectional EBSD IPF
map of as-printed AICoCrFeNi,, EHEA, showing a magnified local region where
neighbouring nanolamellar eutectic colonies exhibit different crystallographic
orientations. To better display the finer bcc nanolamellae, the inset shows a
two-colour EBSD phase map with fcc lamellae in blue and bec lamellaeinred.
Itisnoted that the bcc nanolamellae are under-indexed owing to their small
thicknesses close to the resolution limit of EBSD (see Supplementary Fig.3

associated properties. Inaddition, we printed a variety of representa-
tive engineering components, including a heatsink fan, an octet-truss
microlattice and agear (Fig.1a), which demonstrate the excellent print-
ability of this EHEA for a wide range of complex geometries.
Ahierarchicalmicrostructureisrealizedintheas-printed AICoCrFeNi,
EHEA, which features dual-phase nanolamellar eutectic colonies
(Fig. 1b-d). These eutectic colonies exhibited elongated shapes with
typical sizes of 20-30 pm and 2-6 pm along the long and short axes,
respectively (Fig. 1c). Elongated colonies associated with a melt pool
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for the morphology of dual-phase nanolamellar eutectic colonies).d, Secondary
electron micrograph of the nanolamellar structure. e, Bright-field TEM image
ofthebccandthe fccnanolamellae (indicated by ared dotand agreendot,
respectively), with the insets showing PED patterns tilted to the zone axes

(B) [1111 .. and [011],, respectively. f, Lamellar thickness distribution of the
bece (left) and the fcc (right) lamellaein as-printed AICoCrFeNi, , EHEA.

g, HAADF-STEM image showing the modulated nanostructures within bcc
lamellae. h, APT maps of elemental distributionina100 x 78 x 5 nm>section
withanfcc/becinterfacein the centre. Chemical fluctuations withinbcc
lamellae are manifested by the nanoscale Ni-Al-richand Co-Cr-Fe-richregions.
The compositions of dual phases are extracted from one-dimensional
concentration profile analysis and are listed in Extended Data Table 1.

were largely aligned with the direction of the maximum local thermal
gradient perpendicular to the melt pool boundary?, which exhibited
anapproximately semicircular shape (Fig. 1b and Supplementary Fig.3
inSupplementary Section 2). Asaresult, these elongated colonies were
oriented towards the centre of the melt pool, leading to almost random
shape orientations. There were also markedly different crystallographic
orientations between neighbouring colonies (Fig.1c). The nearly ran-
domorientationsin the shape and the crystallography of the eutectic
colonies probably originate from the interplay between competitive
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Fig.2|Tensile properties of AM AICoCrFeNi,, EHEAs. a, Tensile stress-strain
curvesofas-printed and annealed AICoCrFeNi, , EHEAs. Theyield strength
(0,,) and ultimate tensile strength (0,) are marked on the curves. The inset
shows the schematic ofadogbone-shaped specimen under tensile loading.

b, Tensileyield strength versus uniform elongation of AM AICoCrFeNi, , EHEAs
compared with those of high-performance AM metal alloys with high strength

growth owing to site-specific thermal schedules (dictated by laser
beamsize, energy density input and so on) and epitaxial growth owing
to partial remelting of previously deposited layers. In addition, the
scanstrategy of 90° rotation between adjacent layers can perturb heat
fluxes, further promote random orientations of eutectic colonies* and
thus suppress texture formation (Extended DataFig.1). No appreciable
changesin chemical composition were observed between the feeding
AlCoCrFeNi,, powders and the as-printed samples (Supplementary
Table 2). Within these eutectic colonies, the formation of dual-phase
nanolamellaeis facilitated by high cooling rates of 10°-10” K s * associ-
ated with L-PBF". Scanning electron microscopy (SEM) and transmission
electron microscopy (TEM) characterizations revealed dual-phase
nanolamellae consisting of alternating body-centred cubic (bcc)
and face-centred cubic (fcc) nanolayers (Fig. 1d,e), with respective
thickness of .. = 64 + 24 nmand A, = 151 + 39 nm (Fig. 1f). The corre-
sponding interlamellar spacing is A = 215 nm, which is approximately
half of that in the starting powder feedstock (Supplementary Fig. 4).
Such dual-phase nanolamellar structures are in contrast to the typical
dual-phase microlamellar structures of EHEAs from conventional
casting (1= 0.77-5 um)**?3, directional solidification (A = 2.8 pm)*
or thermomechanical treatment (A = 1-5 um)*?*. The much thinner
nanolamellae in our AM EHEA are understandably a result of rapid
solidification from L-PBF.

The AlCoCrFeNi,, EHEA from L-PBF shows distinct elemental distri-
butions and phase structures compared with conventional counter-
parts**?%, Both the fcc and the bee phases in as-printed samples are
solid solutions, as seen by the absence of extra superlattice spots in
the precession electron diffraction (PED) patterns (Fig.le). A classical
Kurdjumov-Sachs orientation relationship was identified between
the fccand the bee phases, giving {1113/[{110},,.. and <110>¢ | [<111>,,.
(ref. *). Compositional analyses by atom probe tomography (APT)
revealed marginal chemical segregations between the dual phases
(Extended Data Table 1). Neutron-diffraction measurements confirmed
that the as-printed EHEA is composed of fcc and bec solid solutions,
which have aweight fraction of 67% and 33%, respectively, and alattice
mismatch of 2.3% (Supplementary Section 3). No precipitates were
detected in the as-printed samples. In contrast, the conventional
AlCoCrFeNi,; EHEAs consist of ordered L1, and B2 phases with
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(0,,>800 MPa) intheliterature, including bulk metallic glass composites
(BMGCs), steels, Ni-based superalloys, titanium (Ti)-based alloys and HEAs.
The solid and hollow symbols represent the properties of as-printed and post-
annealed samples, respectively (see the detailed data, symbol description and
associated references in Supplementary Table 5).

substantially different chemical compositions as well as copious
nanoprecipitates; the B2/bcc lamellae are prominently rich in nickel (Ni)
and aluminium (Al), whereas the L1,/fcc lamellae are highly enriched
by cobalt (Co), chromium (Cr) and iron (Fe)***, The distinct lamellar
thicknesses and elemental distributions between the AM and conven-
tional AICoCrFeNi,, EHEAs indicate that atomic diffusion and chemical
ordering are largely suppressed during rapid solidification of L-PBF.
This is because with an increasing solidification rate, conventional
diffusion-mediated solidificationis shifted towards diffusion-limited
solidification, leading to significantly reduced elemental partitioning
inthe dual-phase eutectic nanolamellae from L-PBF.
Compositionalmodulation at the nanoscale was found inside the bcc
nanolamellae, which comprised two types of intertwined region with
different contrast from high-angle annular dark-field scanning TEM
(HAADF-STEM) imaging (Fig.1g). APT and STEM energy dispersive X-ray
spectroscopy (STEM-EDX) mapping revealed the bicontinuous Ni-Al
rich and Co-Cr-Fe-rich nanostructures within the bcc nanolamellae
(Fig.1hand Supplementary Fig. 5). High-resolution TEM (HRTEM) imag-
ingandthe corresponding fast Fourier transform (FFT) diffractogram
showed a consistent bcc lattice structure in these compositionally
modulated regions (Extended DataFig. 2), suggesting the occurrence of
spinodal decomposition?. Such nanoscale compositional modulation
hasnotbeen reportedin conventional AICoCrFeNi,; EHEAs, underscor-
ingthe ability of additive manufacturing to produce highly metastable
microstructures. Modulated chemical inhomogeneity can have an
important role in the mechanical behaviour of HEAs?, Altogether, the
extreme solidification conditions of L-PBF produce a hierarchical micro-
structure with a high degree of metastability (Extended Data Fig. 3).
The AM AICoCrFeNi,; EHEAs have exceptional mechanical properties
compared with as-cast counterparts. The as-printed sample exhibits a
high 0.2%-offset tensile yield strength of g, , = 1,333 £ 38 MPa, whichis
substantially higher than 510 + 15 MPa of the as-cast sample (Fig. 2a).
It also shows high rates of strain hardening at high flow stresses
(Extended DataFig. 4), leading to alarge uniform elongation of about
14%andacorrespondingultimatetensile strength of o, =1,640 + 38 MPa.
The sample after tensile rupture shows ‘cup and cone’ fracture sur-
faces with micro-dimples (Supplementary Fig. 6), which is indicative
of ductile failure. Theinterlamellar spacing of our EHEA can be tailored
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Fig.3|Lattice strains and stress partitioning infccand bcc phases during
uniaxial tension. a, Evolution of lattice strain against macroscopic true

stress for representative fcc (including {111}, {2003, {220} and {311}) and bcc
(including {110}, {211} and {321}) crystallographic plane families along the loading
direction. Experimental and simulation results are represented by symbols and
solid lines, respectively. The macroscopicyield strength is marked with thered
dashed line. b, DP-CPFE simulation results of the macroscopic stress-strain

by varying the laser processing parameters to tune their mechanical
properties, as exemplified by sample B (Fig. 2b and Supplementary
Section 1). With a given laser processing scheme, similar mechanical
properties were measured along the vertical and horizontal directions
(Extended Data Fig. 5). This result demonstrates the nearly isotropic
mechanical behaviour of as-printed AICoCrFeNi,; nanolamellar eutec-
tic colonies with nearly random orientations in shape and crystallog-
raphy, which are different fromthe anisotropic mechanical behaviour
of highly aligned lamellar structures produced by other routes such
as thermomechanical treatment'®* and directional solidification’®.
The mechanicalisotropy of AMEHEAs is alsoin contrast to the typical
mechanical anisotropy of other AM metal alloys that tend to develop
columnar-shaped grain structures with astrong crystallographic tex-
turel. In addition, subsequent heat treatment allowed us to further
tailor microstructures and associated mechanical properties (Fig. 2b).
For example, after thermal annealing at 800 °Cfor1 h,auniformelon-
gation over 20% with a yield strength of about 1 GPa was achieved;
afterannealingat 600 °C for 5 h, the yield strength and ultimate tensile
strength wereincreased to approximately 1.6 GPaand 1.9 GPa, respec-
tively, along with a uniform elongation of 7.5%. Achieving such awide
range of strength-ductility combinations was facilitated by the high
tunability of microstructuresin rapidly solidified EHEAs through post
annealing, during which a variety of solid-state phase transformations
suchasprecipitation, phase ordering, lamellar coarsening and recrystal-
lization could occur (Supplementary Section 4). Direct comparison of
thetensile properties of our AM EHEAs with other high-performance AM
alloys (6,,>800 MPa)is givenin Fig.2b and Supplementary Section 5.
Clearly, our AM EHEAs demonstrate excellent strength-ductility com-
binations that surpass those of state-of-the-art AM alloys.

The highyield strength (about 1.3 GPa) of our as-printed EHEA stems
primarily from the strong strengthening effects of the dual-phase

Engineering strain (%)

response with the correspondingstress partitioningin the bcc and the fcc
phases. ¢, Neutron-diffraction spectra at different tensile strains (¢) along the
loading direction during deformation. d, Dislocation density against strainin
thebccandthe fcc phases, derived from the diffraction spectraincandthe
modified Williamson-Hall method (Supplementary Section 3). Error bars
represent the standard deviation.

nanolamellar structures. The alternating bce and fcc nanolamellae
with average thicknesses of 64 nm and 151 nm, respectively, together
with their semi-coherent interfaces, can impose strong mutual con-
finement on dislocation glide?®*. Such nanolamellar strengthening
gives a contribution of about 1 GPato theyield strength, as estimated
from the Hall-Petch relation (Methods)®. In addition, rapid solidifica-
tion from L-PBF produces a high density of pre-existing dislocations
in as-printed samples®, thus giving an extra strengthening effect.
We used neutron-diffraction measurements to determine the pre-
existing dislocation density in as-printed samples (Fig. 3 and Supple-
mentary Section 3). The average dislocation densities in the bcc (py..)
andthe fcc (pg,.) nanolamellae reached as high as (7.4 £ 1.1) x 10* m™2and
(5.4 £0.3) x10" m™, respectively, resulting in an estimated increase in
yieldstrengthofabout280 MPa(Methods).Hence, thehighyieldstrength
of our as-printed EHEA is enabled by the dual-phase nanolamellar
structures from L-PBF and further enhanced by the high density of
printing-induced dislocations.

The origin of high strain hardening and the resultant large tensile
ductility of our as-printed EHEA were investigated by combining
in situ neutron-diffraction experiments (Supplementary Fig. 8) with
dual-phase crystal plasticity finite-element (DP-CPFE) modelling (Sup-
plementary Section 6). Insitu neutron-diffraction measurements under
tension revealed the evolution of lattice strains in different {Ak{} crys-
tallographic families of fcc and bec phases in nanolamellar eutectic
colonies. Figure 3a shows the lattice strain €, along the loading direc-
tion against the sample-level true stress (o) for several representative
{hkl} reflectionsin the fccand the bee phases (see Supplementary Fig. 11
for g, along the transverse direction against ). On the basis of these
neutron-diffraction data, we calibrated our DP-CPFE model in terms
of simulated lattice-strain responses (solid lines in Fig. 3a) that closely
matched experimental measurements (symbols). Importantly, the
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calibrated DP-CPFE model enables us to unravel the effects of stress
partition and load transfer on the co-deforming fcc and bee phasesin
nanolamellar eutectic colonies during their progressive yielding and
hardening.

More specifically, we analysed the progressive yielding and harden-
ing behaviour of fccand bee phases in nanolamellar eutectic colonies
by dividing their lattice-strain responses into three stages (as marked
inFig.3a).Instage (0 <1,100 MPa), all crystallographic reflections in
the fccand the bee phases underwent elastic deformation. The slope
of each o-¢,, curve, known as the diffraction elastic constant £,
varied among different reflections, owing to the elastic anisotropy of
single-crystalline nanolamellae®*°. In stage Il (6 = 1,100-1,300 MPa),
crystallographicfamiliesin the fcc phase underwent progressive yield-
ing, whereas those in the bcc phase remained elastic. Among the four
representative fcc reflections in stage Il, the {220} lattice strain along
theloading direction first deviated fromlinearity and turned upwards;
such a softening response indicates the onset of plastic yielding of
this reflection. Meanwhile, the {200} lattice strain along the loading
direction also deviated from linearity but turned downwards. Such a
stiffening response arose primarily fromload shedding from the plastic
{220} to the elastic {200} reflections, as verified by DP-CPFE simulations.
As gincreased, progressive yielding occurred sequentially from the
{111}, {311} to {200} reflections, leading to their nonlinear lattice-strain
responses. By contrast, among the three bcc crystallographic reflec-
tions of {110}, {211} and {321} in stage Il, their lattice-strain responses
remained linear, but the corresponding slope of each o-¢,,, curve
changedrelative tostagel, indicatingload transfer from progressively
yielded fccreflections to elastic bcc reflections. This load-partitioning
behaviour of the AM lamellar EHEA differs from that of lamellar pearlitic
steels where the bec ferrite first yields and then transfers load to the
orthorhombic cementite®>*. In stage Ill (¢ > 1,300 MPa), crystallo-
graphic families in the bcc phase became plastic, such that all crystal-
lographicreflections of the fcc and the bcc phasesin the nanolamellar
eutectic colonies exhibited nonlinear lattice-strain responses.

We used DP-CPFE simulations to solve aninverse problem for deter-
miningthe anisotropic elastic constants of individual fccand bec phases
(Supplementary Section 6). As a result, the predicted lattice-strain
responses (Fig. 3a) and sample-level stress-strain curve (Fig.3b) from
DP-CPFE simulations closely matched the experimental data. We fur-
therused DP-CPFE simulations to determine the average stress-strain
responses of the fcc and the bce phases in nanolamellar eutectic col-
onies (Fig. 3b). It is seen that both bcc and fcc nanolamellae exhibit
high strengths and particularly high strain-hardening rates under the
applied tensile strain up to about 14%. Notably, the bcc nanolamellae
make greater contributions to the overall high strain-hardening
responsesthanthe fccnanolamellae, thereby promoting the hightensile
ductility of the present EHEA. Hence, the AM EHEA enables a high strain-
hardening behaviour of bcc nanolamellae in eutectic colonies that is
difficult to achieve in traditional bcc nanostructures® 226,

To investigate the deformation mechanisms, we analysed the
dynamic evolution of dislocation densities from neutron-diffraction
measurements. Figure 3¢ shows in situ neutron-diffraction spectra
along the loading direction for the as-printed EHEA deformed to dif-
ferent strain levels. As shown in Fig. 3d and Supplementary Table 3,
Dre firstincreased slowly from 5.4 x 10" m2in the as-printed state
to 7.9 x 10 m™ at 5% strain, and then increased more rapidly to
1.3 x10" m~at 15% strain. In contrast, p,.. had a higher initial value of
7.4 x10™ m2in the as-printed state, increased faster with increasing
strain than p;., and reached 1.8 x 10* m2at 5% strainand 2.9 x 10 m>
at15%strain. The faster increase of p, is well correlated with the higher
strain-hardening rate of bcc as opposed to fcc nanolamellae (Fig. 3b).

We used PED to characterize the dislocation evolution at different
applied tensile strains (Fig. 4a-c and Supplementary Fig. 7). In the
as-printed state, high densities of pre-existing dislocations were
observed inbothbccand fce nanolamellae with .. = (7.4 + 1.1) x 10 m™
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and pg. = (5.4 £ 0.3) x 10" m2 (Fig. 4a). The high density of printing-
induced dislocations is common for AM metals and is probably
rooted in large thermal stresses developed during printing®. As the
strain increased to 5%, more extensive dislocation multiplication was
observedinbccthaninfccnanolamellae (Fig. 4b), consistent with the
neutron-diffraction measurements (Fig. 3d). The dislocations tended
to aggregate at the lamellar interfaces, as evidenced by the strain
contrast arising from highly defective fcc/bcc interfaces (Fig. 4b,e).
This observation suggests that the lamellar interfaces serve asbarriers
andsinks for dislocations. The dislocations within the bcc nanolamel-
lae are of mixed character, indicated by their curved line morphology
(Fig.4a-f). Thismorphology contrasts with the typical straight screw
dislocations in bulk bce metals®. The more isotropic glide behaviour
of dislocations in bcc nanolamellae is attributed to the high opera-
tive stresses, and can stimulate more uniform deformation and thus
offer steady strain hardening for bcc nanolamellae®®. In addition,
deformation-induced stacking faults were activated in the fcc nan-
olamellae (Fig. 4e and Extended Data Fig. 6), where the critical shear
stress for nucleation of full dislocations could become high enough so
that partial dislocations and thus stacking faults would increasingly
prevail over full dislocations with increasing strain*°. At astrain of about
15%, both bec and fcc nanolamellae contained profuse dislocations
(Fig. 4¢,f), consistent with our in situ neutron-diffraction measure-
ments. Furthermore, the nanometre-resolutioninverse-pole figure (IPF)
mapping confirmed the persistent Kurdjumov-Sachs orientation rela-
tionship between the two phases during deformation (Supplementary
Fig. 7), which is often conducive to slip transmission across the
semi-coherent phase interfaces.

Weinvestigated the nanolamellarinterfacesunder HRTEM (Fig. 4g-i).
The edge dislocation density at the interface and in its vicinity was low
inthe as-printed state, as shownin the inverse FFT (IFFT) micrograph
using the (111)../(110),.. diffraction spots (Fig. 4j). As the strain level
increased, more edge dislocations were observed at the interfaces
whereas the dislocation density in the fcc and the bcc nanolamellae
did not appear to increase dramatically (Fig. 4h,k). This observation
provides evidence of effective dislocation storage at the phase inter-
faces. With further straining, more edge dislocations were observed
notonly attheinterfaces but also within the nanolamellae, especiallyin
thebccphase (Fig. 4i,1). This trend suggests that the dislocation storage
capability of the phase interfaces became increasingly saturated, thus
promoting dislocation accumulation within the nanolamellae. Overall,
the nanolamellaeinterfaces can effectively block and store dislocations,
contributing to the excellent combination of high strength and high
work hardening in our AM EHEA.

The high strain-hardening behaviour of the bcc nanolamellae in our
AM EHEA contrasts with traditional nanocrystalline bcc metals that are
strong but have low ductility because of alimited ability to accumulate
intragranular dislocations for work hardening®?. In the present AM
EHEA, the fcc nanolamellae, in conjunction with the semi-coherent
phaseinterfaces, couldimpose strong confinement on plastic straining
of the bcc nanolamellae, thereby stabilizing their plastic flow with
increasing strain. However, the strain compatibility requirement
between microscale eutectic colonies can provide constraints at
another level of structural hierarchy to promote work hardening in the
bce nanolamellae. This is because neighbouring colonies of different
crystallographic orientations together with colony boundaries could
not only limit dislocation glide through nanolamellae to individual
colonies but also increase the resistance to plastic slip propagation
to neighbouring colonies. As corroborated by DP-CPFE simulations,
it is essential to account for such mutual constraints between micro-
scale colonies to match the predicted lattice-strain responses with
experimental measurements (Fig. 3a). Moreover, the printing-induced
nanoscale compositional modulation in bcc nanolamellae (Fig. 1g,h)
could furtherincrease strain hardening to promote stable plastic flow of
the becnanolamellae* **. As chemical modulation in our EHEA occurs



Fig.4|Meso-and atomic-scale deformation structures. a-c, Virtual bright-
field PED micrographsrevealing the evolution of dislocation substructuresin
bec (indicated by the red dot) and fcc (indicated by the green dot) nanolamellae
attensile strains of about 0% (a), 5% (b) and 15% (c). The advantage of PED over
conventional dislocationimagingis the elimination of most dynamical effects,
leading toacrisper dislocation contrast. d-f, High-magnification bright-field
TEM micrographs of the deformation substructures at tensile strains of about
0% (d), 5% (e) and 15% (f). Deformation-induced stacking faults, highlighted by

over alarger length scale than thatin random solid solutions, the rug-
gedness of the energy landscape controlling dislocation mobility
becomes heightened, making dislocation motion more sluggish in
bcc nanolamellae, as revealed by in situ TEM straining experiments
(Supplementary Section 7). Therefore, the nanoscale compositional
modulation in bce nanolamellae can enhance the resistance to dislo-
cation glide, leading to stronger dislocation interactions and more
isotropic dislocation glide to promote the hardening responses®,
Animportant benefit of heterogeneous nanolamellar structures from
L-PBF is the generation of large local plastic strain gradients leading
to strong back-stress hardening®. As shown by in situ lattice-strain

yellow arrows, were observed in fcc nanolamellae at 5% strain. The phase
interfaces areindicated by the yellow dashed lines. g-i, HRTEM micrographs
showing the atomic-level bccand fcc phaseinterface at tensile strains of

about 0% (g), 5% (h) and 15% (i), along with the FFT patterns (insets).j-1, IFFT
micrographs for the yellow boxed regions in g-i, respectively. Itis noted that
the IFFT patterns reveal only the edge components of dislocations (highlighted
by the yellow dashed circles) by showing extra half lattice planes, but the screw
components are not readily visible.

measurements (Fig. 3a), plastic yielding initiated in the fcc phase
whereas the bce phase remained elastic. Geometric constraints from
the elastic bcc phase could result instrong local plastic strain gradients
near the lamellar interfaces, which would be accommodated by geo-
metrically necessary dislocations (GNDs)*. Moreover, after the bcc
phase became plastically yielded, additional deformation incompat-
ibility between the two co-deforming phases arose from their plastic
anisotropy (that is, different orientations and resistances of fcc and
bcesslip systems) and would be accommodated by GNDs as well. Hence,
continued build-up of GNDs near the fcc/bec interfaces, inline with the
HRTEM observations of increased interface dislocations with loading,
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could generate strong back stresses* and thus elevate flow stresses of
the AMEHEA. Extended DataFig. 7 shows a typical loading-unloading-
reloading curve with pronounced hysteresis loops that are indicative of
anotable Bauschinger effect®, with the strong back stresses increasing
fromabout 0.9 GPato about1.1 GPawithloading"’. Hence, such strong
back-stress hardening reflects the beneficial effect of heterogeneous
nanolamellar structures from L-PBF, in contrast to the back-stress
hardening through nanoprecipitatesinthe microlamellar EHEA from
traditional thermomechanical treatment®.

In summary, we have harnessed additive manufacturing by L-PBF
and the favourable compositional effects of EHEAs to develop a class
of dual-phase nanolamellar alloys that exhibit an exceptional combi-
nation of high yield strength and high tensile ductility, which surpass
those of other state-of-the-art AM alloys. The hierarchical, dual-phase
nanostructure motif can be generally applied to other EHEA systems
to improve their mechanical properties (Extended Data Fig. 8 for
Ni,,Co,0Fe,oCrioAl W, (ref. *8)). Mechanistic insights gained into the
strengthening and hardening behaviour of AM EHEAs may be applied
to the design of high-performance metal alloys that develop arich
variety of complex multi-phase lamellar structures such asaluminium
alloys* and titanium alloys*.
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Methods

Materials fabrication

AlCoCrFeNi,; EHEA samples were fabricated by a commercial M290
(EOS) L-PBF machine, which is equipped with a ytterbium-fibre laser
with a maximum power of 400 W and a focal diameter of 100 pm.
Gas-atomized AICoCrFeNi,, EHEA powders with particle sizes ranging
from 15 pm to 53 pm (mean value 35 pm) were used (Vilory Advanced
Materials Technology). Allsamples were builtinanargon environment
withanoxygen concentration below 1,000 ppm. A4140 alloy steel plate
was used as the printing substrate, which was pre-heated to 80 °C to
mitigate the build-up of thermal residual stresses. To optimize the
printing of fully dense samples, we first built a high-throughput sample
library of many cubes (7 x 7 x 7 mm?®) with different laser processing
parameters. We used an AccuPycl11340 gas pycnometer (Micromeritics)
tomeasure the density for the cubelibrary and thus identify the optimal
printing conditions. We selected the parameters that yield samples with
arelative density higher than 99.5% to build rectangular plates of 35 mm
(length) x 10 mm (width) x 2 mm (build height) for mechanical testing.
The optimal laser processing conditions are listed in Supplementary
Table 1. Theinsitu thermal cycling (also called intrinsic heat treatment)
inherent to the repetitive additive manufacturing process was inves-
tigated by comparing microstructures of a single-track bead with the
multi-layer bulk sample and octet lattice (Supplementary Section 8).
Tostudy the effect of post heat treatment on the mechanical properties
ofthe AMEHEA, the as-printed samples were subsequently annealed at
different conditions, including 600 °Cfor 5 h, 660 °Cfor1h, 700 °Cfor
1h,800°Cfor1h,800°Cfor1hplus600°Cfor1h,900 °Cfor30 min
plus 600 °C for1hand 1,000 °C for 1 h, which were implemented in a
tube furnace at a heating rate of 5 °C min™ under an argon protective
atmosphere followed by water quenching. The as-cast AICoCrFeNi,,
sample was prepared by vacuum arc melting of commercially pure
constituent elements (99.9 wt%) under high-purity argon protection.
The alloy was re-melted at least five times for chemical homogeneity
and then solidified in a water-cooled copper mould with dimensions
of 80 mm (length) x 10 mm (width) x 2 mm (thickness).

Composition analysis

Chemical compositions of the AICoCrFeNi,, feedstock powders and the
as-printed samples were analysed by inductively coupled plasma mass
spectroscopy for metallic elements and instrumental gas analysis for
non-metallic light elements, including oxygen and nitrogen.

Mechanical testing

Dogbone-shaped tension specimens with anominal gauge dimension
of 8 mm (length) x 2 mm (width) x 1 mm (thickness) were cut from
the rectangular plates by electrical discharge machining and finally
polished to a metallurgical grit of 1200 silicon carbide paper.
Quasi-static uniaxial tension tests were performed on an Instron 5969
universal testing machine at a strain rate of 2 x 10™*s™. The strain was
measured by an Instron non-contact AVE2 video extensometer with a
displacement resolution of 0.5 pm. The tests were repeated two to three
times for each type of sample. The back-stress evolution was meas-
ured through the loading-unloading-reloading test. Uponloading to
eachspecificstrainlevel atastrainrate of 2 x10™*s™, the specimen was
unloaded to 30 Nunder aforce control mode with arate of 200 N min™,
followed by reloading at astrainrate of 2x107*s™.,

Neutron diffraction

Insituneutron-diffraction tensile tests were conducted at the beamline
7 engineering materials diffractometer, VULCAN®"*2, at the Spallation
NeutronSource, Oak Ridge National Laboratory. With the loading axis at
45°to theincident neutron beam, the time-of-flight neutron-diffraction
datawere collected simultaneously along the loading and transverse
directions by two detector banks positioned at +90° to the incident

neutronbeam. The dogbone-shaped tensile specimen with anominal
gauge dimension of15 mm (length) x 2.6 mm (width) x 3 mm (thickness)
was loaded with an MTS load-frame equipped with a contact exten-
someter to measure the strain. Strain control mode was employed for
theloadingcyclesatarate of 2.8 x10°s™, whereas force control mode
was used for the unloading cycles at 2%, 5% and 10% engineering strains
to quantify the dislocation density evolution at different strains more
precisely by eliminating the effect of stress field on peak broadening.
With aslit size of 8 mm (length) x 3 mm (width), the neutron-diffraction
patterns were collected in a high-intensity mode with a lattice spac-
ing resolution (Ad/d) of about 0.45%. The neutron-diffraction data
recorded during the continuous loading-unloading cycles were sub-
sequently chopped at a time interval of 5 min. Single-peak fitting was
performed by using the VDRIVE software®. The phase weight fraction
was determined by full-pattern Rietveld refinement using the GSAS
software®*. Thelattice strain for the {hk[} reflection, &, was calculated
by €= (dpi = do i)/ Ao ey Where dy and d, , denote the interplanar
spacings of {hk{} planes under loading andin the ‘stress free’ state (Sup-
plementary Section 3), respectively. Itis noted that neutron-diffraction
measurements directly separate the lattice-strain responses from fcc
and bcc phases in the {hk{} crystallographic family, thus facilitating
the stress-partition analysis in dual phases. Residual lattice strains
andintergranular residual stresses were also studied in the as-printed
EHEA (Supplementary Section 3).

Pole figures of as-printed and fractured samples were also measured
by neutron diffraction at VULCAN, which required the axial direction
of the sample to rotate from the original -45° to 0° off the incident
beam direction by a step size of 5°. Following each step, the sample
wasrotated with respect to the current axial direction from 0°to 360°
by a step size of 30°. After each step of rotation, neutron-diffraction
data were collected for 2 min, and in total 120 measurements were
performed for each sample. The integral intensities of different peaks
were extracted from the diffraction patterns by single-peak fitting to
generate the complete pole figures.

Microstructure characterization
TEM specimens were first mechanically polished to about 100 pum in
thickness, then punched into 3-mm-diameter disks. These disks were
twin-jet electropolished using a Tenupol-5 polishing system with a
solution of 5% perchloricacid, 35% butanol and 60% methanol at—40 °C.
Allthe specimens were first examined inside an FEI Tecnai TEM operat-
ingat200 KeV. To better illuminate dislocationsinside the AMEHEAs,
bothbccand fce phases were tilted to the zone axes ([011].. and [111],,.)
and imaged using PED with a 0.3° precession angle and a 3-nm step
size. The advantage of PED over conventional dislocation imaging is
the elimination of most dynamical effects, leading to acrisper disloca-
tion contrast. Moreover, phase and orientation can be identified in
each pixel by comparing the diffraction patterns with the database.
HRTEM and HAADF-STEM observations were conducted onan FEI Titan
S/TEM operating at 300 KeV to trace the evolutions of phase interfaces
atthe atomiclevel. EDX analyses were performed on HAADF-STEM to
quantify the compositions of the bcc and the fcc phases. The optical
microscopy, SEM and electron backscatter diffraction (EBSD) samples
were mechanically polished down to 20-nm surface roughness.
The optical microscopy and SEM samples were further etched ina
solution of nitric acid, hydrochloric acid and ethanol with a ratio of
1:3:8. Optical micrographs were acquired using the Olympus BX53M
optical microscope under the differential interference contrast mode
toalso capture the micro-pore distribution and quantify the melt pool
dimensions. SEM observations were performed on an FEI Magellan
400 instrument. EBSD mapping was carried out using a Tescan FERA
SEM equipped with an EBSD detector from the Oxford Instrument with
a20-kV acceleration voltage and a100-nm step size.

APT specimens were prepared using a Thermo Fisher Nova 200
dual-beamfocusedionbeam/SEM. A triangular prism wedge was lifted
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out, sectioned, mounted onto silicon microtip array posts, sharpened
usinga30-kV Ga'ionbeamand cleaned using a2-kVion beam. The APT
experiments were run usinga CAMECA LEAP 4000XHR in laser mode
with a30-Kbase temperature, 60-pJ laser energy, a 0.5% detectionrate
anda200-kHzpulserepetition rate. The APT results were reconstructed
and analysed using CAMECA’s interactive visualization and analysis
software (IVAS 3.8).

Effects of dual-phase nanolamellar structure onyield strength
The Hall-Petch relationship is used to estimate the lamellae size
dependence ofyield strength by considering dislocation pile-up against
the phaseinterface?. The local stress acting on theleading dislocation
inapile-upistheapplied shear stress rmagnified by afactor of nbeing
the number of pile-up dislocations. Plastic yielding occurs when this
local stressreaches a critical stress 7* leading to slip transmission across
the phase interface. In general, these shear stresses are related to the
Hall-Petch equation according to

" _
= ; = kO(/lfcc) 2

where k, is the strengthening coefficient and the relatively small lattice
friction termisignored. Our TEM analysis of the deformed sample at
5% strain showed an average number of pile-up dislocations of n= 5,
which can be used to estimate the critical applied shear stress Tupon
plastic yielding as*®

41l
"= "Gb
where L is the pile-up length and taken as half of the average thickness
of fcclamellae, G is the shear modulus (G;.. = 81 GPa, derived from our
DP-CPFE modelling) and b is the Burgers vector length (b;. = 0.254 nm,
measured by neutron diffraction). Hence, we estimated the critical
appliedshearstress of dislocation slip transmission throughtheinterface
as =340 MPa. Using the Taylor factor of the fcc phase (3.09, measured by
EBSD), we estimated the tensile yield stress of the present EHEA as about
1GPa, accounting for about 75% of the measured yield strength. This
analysisindicates that the confinement fromnanolamellae makes apre-
dominant contribution to the high yield strength of the as-printed EHEA.

The high density of printing-induced dislocationsin the bcc and fcc
nanolamellae also makes animportant contribution to the high yield
strength of the as-printed EHEA. We estimated this strengthening effect
using the Taylor hardening law™:

Ady=MaGbp'?

where M is the Taylor factor (3.09 for the fcc phase and 2.71 for the
bcce phase, measured from EBSD), « is the dimensionless pre-factor
(about 0.2 for the fcc phase®® and about 0.24 for the bee phase™),
Gisthe shear modulus (81 GPafor the fcc phase and 57 GPafor the bcc
phase, derived from our DP-CPFE modelling), b is the Burgers vector
length (0.254 nm for the fcc phase and 0.248 nm for the bcc phase,
measured by neutron diffraction) and pis the pre-existing dislocation
density ((5.4 + 0.3) x 10" m™ for the fcc phase and (7.4 +1.1) x 10" m™
for the bcc phase). The strengthening effect by pre-existing disloca-
tions was estimated through the rule of mixture of the respective con-
tribution from the fcc and bec phases, giving a total increase of yield

strength of 280 MPa. Therefore, the combined strengthening effects
fromthe nanolamellar structure and the printing-induced dislocations
give an estimated yield strength of about 1,300 MPa, which is in good
agreement with the measured yield strength.
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